APRIL 1959 VOLUME 1 (1959) No. 1 


phil 
m OF NUCLEAR MATERIALS 


= 


A JOURNAL ON METALLURGY, CERAMICS AND SOLID 
= ZO STATE PHYSICS IN THE NUCLEAR ENERGY INDUSTRY 


EDITORS: ore 


Ri W. CAHN — BIRMINGHAM, ENGLAND 
J. P. HOWE — CANOGA PARK, U.S.A. - P. LACOMBE — PARIS, FRANCE ~ 


> 
vo 
ie 
a 


CONTENTS . 
eet eselapiii MO TOMO Bi Ca thea a eae he Meles cee Lk oa Teme a ay tees 1 
Introduction in English. ...... SEU os Mise ha ie eee ities it Pte hte Te 1S 2 
Rodan rey ene te SOTO MRM ia Sic) ou tecdian. sme ae oC ya ee we ea ecg) emme Tawar 4 
Note deat Moai oUrsteti-Ghelis cc ve tN (ors ak oe a EER ep ha we bee 5 
3 __ ‘M.. V. Nevrrr and S. T. ZzetEr, Transformation temperatures and structures in 
igor ear MPU ELNETIAY DAM ATEY GILON Wd Pipe! 16.5 0! pin BS ted 2 al) 6s ar lous nage [om cee \oiseress om) whee 6 
Der aie ( Ai RENE Boucurr, Etude des alliages aluminium-uranium application & la trans- 
Sea 4 formation & Pétat solide UAls > UAlg 2) lose 13 
W~ J. Wrairams, E. Barnes, R. Scorr and A. Hatt, Sintering of uranium oxides 
ia + ~~ = of composition UOz to UsOs in various atmospheres .......... 28 
ett Path R. Scorr, A. R. Haru and J. Wai1ams, The Plastic deformation of uranium 
Fee 4 PL EE | ET, MESES Se Sni7 Chor blatant a cea Bs ar Ore Aca ADO Rick | 
i Aa apy R. W. SwrnpEeMan and D. A. Dovetas, Improvement of the high-temperature 
NG OTN Fo strength properties of reactor materials after fabrication. . ....... 49 
te inne @ P. Letone et J. HERENGUEL, Essais de corrosion par l’eau & température élevée 
Lyd) DAMN Biome Eth _ sur monocristaux d’aluminium de pureté 99.99 %; influence de la déformation 
alaak A ~~ et de la restauration aprés écrouissage. . . . . . . 1 1 ee ee ee 58 
a “Ge E. Exts and EB. C. W. PuRRYMAN, Effects of neutron-induced gas formation 
epee Bie Na A RMIRISABRL Col HCE CAE Na LPL cris Tae LW ion Mylo fw ie ies dee WER eer S “ip , 73 
Pa weet M. L. Kronsera, Atom movements ‘and dislocation structures for plastic aicts in 
ce I = single crystals of B-uranium. . 2.6. 6 ee te 85 
Far cs J. B. Ricn, G. B. Repprve and R. 8S. Barnes, The effects of heating neutron 
% m era eR OIA tc Nie oe, Wea ata o 26. phe We Teva Sh dhe tetra 8 96 
aN ager H. Frissy, A. Bisson et R. Camxat, Précipitation d’hélium dans la glucine 
irradiée par des neutrons (Letter to the Editors). ........... 106 
A. S. Bary and J. A. L. Roserrson, Effects of O: U ratio on the irradiation 
el behaviour of uranium oxide (Letter to the Editors). .......... 109 
7S, Instructions to contributors. .......4.... AERIS TA SA ae Brn Sh eepe noe 111 


NORTH-HOLLAND PUBLISHING COMPANY — AMSTERDAM 


cor @. eS Witry, Fae | 
«HR. OHISWIK (, Hl Uf: 6 ken 
BE geal COFFINBERRY (Los Alamos, Bee 
A. H. CoTTRELL (Cambridge, U.K.) 
8. L, CUNNINGHAM (Ottawa, Canada) 
 Q. DECROLY (Bruxelles, Belgium) — 
ee MED ONT (Mol, Be 1) 
Bee Aree! cs (Bindhoven, ‘Rotharlelida) 
H. M. FINNISTON (Newcastle, ORNs 
J. FRIEDEL gee France) — 


Papers or letra sos Ye sens 40 one of the 
Editors, — 


Re Ww. canN (Dept. of Metallurgy, University of 
Birmingham 15, England). — 


ee “Pp. HOWE (Atomics International, P.O. Box 309, 


eee Park, California, U.S.A.). 


P, LACOMBE (Centre de Recherches Métallurgiques de 


| VBeole des Mines, Blvd. Bt: Michel 60, Paris VI, 
France) 3 
sis tt ae PSE Atte of tie ae 
Advisory. Board: . 


pga ices anctli ba onli is Bagien French 


| or German, with a summary in the appropriate 
other languages will be added by the Editors. 
‘Bal jor ri shuld be att oo af th Eaton 


he Journ of Saar Motels ity re 


iy (2 @RIsoN nett eaiscek . 
R. R. HASIGUTI (Tokyo, Japan) 
J. HERENGUEL (Antony, France) 
__ R. K1EssLiIn@ (Stockholm, Sweden) 
-x. LUcKs (Aachen, Germany) 
-B, LUSTMAN (Pittsburgh, U.S.A.) 
__R. MADDIN (Philadelphia, U.S.A.) Tas 
P. MURRAY (Harwell, U.K.) 
R. MYERS (Sydney, Australia) — 
J. A. L, ROBERTSON (Chalk River, Canada) 
J. A. SABATO (Buenos Aires, Argentina) - 
K. TANGRI (Bombay, India) — 
P. VACHET (Paris, France) 


es articles ou tee lates dovront. x0 envoyés 8 un 


des Rédacteurs-en-chef, 
R. W. CAHN: fda ae of Metallurgy, Gnvanets of 
Birmingham 15, England). 

J. PB. HOWE (dttomntos International, P.O. Box 309, 
“Canoga. Park, California, U.S. A.). 
P. LACOMBE (Centre de Recherches Métallurgiques des 
LEcole des Mines, 60 Bd. St. Michel, Paris Line 
France) 

ou directement ou par un membre id Conseil des 


Leslee ou ta leds shed Meee eae 


frangais ou allemand avec un résumé dans la langue 
language. ‘Translations of the summary into the two correspon 
' deux autres langues’ sercnt ajoutées. par lee éditaune.. 


dante. Les traductions du résumé dans les 


Lea Livres (exemplaires de presse) ¢ devront Lhagar tes 
& un des Rédacteurs-en-chef. 


‘Le Journal des Matériaux Nucléaires paraitra inal 


sori ae See Re | 


JOURNAL OF NUCLEAR MATERIALS 
JOURNAL DES MATERIAUX NUCLEAIRES 


& 


Mh B Ob be PN Ow AD 


EDITORIAL ADVISORY BOARD — CONSEIL DES REDACTEURS 


AAS (Kjeller, Norway) 

F. ALDER (Lucas Heights, Australia) 
ALBERT (Vitry, France) 

WwW. ARDLEY (Whetstone, U.K.) 

E. BURKE (Schenectady, U.S.A.) 
CAILLAT (Saclay, France) 
CHAUDRON (Vitry, France) 

CHIswik (Argonne, U.S.A.) 

S. COFFINBERRY (Los Alamos, U.S.A.) 
H. COTTRELL (Cambridge, U.K.) 

L. CUNNINGHAM (Ottawa, Canada) 
DECROLY (Bruxelles, Belgium) 


. D’HONT (Mol, Belgium) 

. D. FAST (Kindhoven, Netherlands) 
. M. FINNISTON (Newcastle, U.K.) 

. FRIEDEL (Paris, France) 

. GEBHARDT (Stuttgart, Germany) 


WHYS Nb eR BB 


B. GREENOUGH (Windscale, U.K.) 


. GRIsoN (Saclay, France) 


R. HASIGUTI (Tokyo, Japan) 
HERENGUEL (Antony, France) 
K. JETTER (Oak Ridge, U.S.A.) 
KIESSLING (Stockholm, Sweden) 
LUCKE (Aachen, Germany) 


. LUSTMAN (Pittsburgh, U.S.A.) 


MADDIN (Philadelphia, U.S.A.) 
MERLINI (Milan, Italy) 


. MURRAY (Harwell, U.K.) 
. MYERS (Sydney, Australia) 


A. L. ROBERTSON (Chalk River, Canada) 
A. SABATO (Buenos Aires, Argentina) 


. TANGRI (Bombay, India) 
. VACHET (Paris, France) 


SAYIVATIONN XNVIYALVW SIC 


JOURNAL 
OF NUCLEAR MATERIALS 


A JOURNAL ON METALLURGY, CERAMICS AND SOLID 
STATE PHYSICS IN THE NUCLEAR ENERGY INDUSTRY 


Editors : 


R. W. CAHN — BIRMINGHAM, ENGLAND 
J. P. HOWE — CANOGA PARK, U.S.A. 
P. LACOMBE — paris, FRANCE 


VOLUME 


APRIL 1959— DECEMBER 1959 


wre 


Pe 


: 


NORTH-HOLLAND PUBLISHING COMPANY — AMSTERDAM 


PRINTED IN THE NETHERLANDS 
DRUKKERIJ HOLLAND N.V., AMSTERDAM 


JOURNAL OF NUCLEAR MATERIALS - 1 (1959) 


1-3 


- NORTH-HOLLAND PUBLISHING CO., AMSTERDAM 


INTRODUCTION 


Lorsqu’il m’a été demandé pour le premier 
numéro du “Journal des Matériaux Nucléaires”’ 
un court article de présentation, les rédacteurs 
de cette revue ont souhaité mettre ainsi en 
lumiére la part qui revient 4 des frangais dans 
sa création. 

C’est en effet au cours de la Conférence de 
Genéve en 1955 que Charles EKichner eut l’idée 
d’une revue internationale qui grouperait des 
résultats de travaux sur tout un secteur de la 
métallurgie ayant en commun leur application 
a lVénergie nucléaire. L’idée était sans doute 
trop neuve a cette époque pour qu’un tel projet 
puisse aboutir. Certes d’importantes déclassi- 
fications venaient d’étre opérées, mais le fait 
était encore trop nouveau pour qu’une colla- 
boration internationale permanente put immé- 
diatement s’établir. 

Charles Eichner, l’un des premiers métallur- 
gistes a se joindre a la petite équipe qui constitua 
le noyau du Commissariat 4 l’ Energie Atomique 
frangais, est mort en 1955, mais Pidée qu'il avait 
lancée fit son chemin. 

Le Professeur Lacombe et divers métallur- 
gistes frangais du Commissariat a 1’Energie 
Atomique reprirent ce projet qui finit par 
aboutir lors de la 2eme Conférence internationale 
des Nations Unies sur l’utilisation de l’énergie 
atomique a des fins pacifiques a Genéve en 
1958. Tout de suite un accueil favorable lui fut 
réservé par de nombreuses sommités de la 
métallurgie, notamment anglaises et ameéri- 
caines. Les grandes lignes directrices de cette 
revue internationale furent établies et bien peu 
de mois se sont écoulés entre les conversations 
préliminaires et la réalisation de ce premier 
numéro. 

Cette rapidité dans l’aboutissement est le 
signe que le projet lancé, il y a trois ans et demi, 
est maintenant venu a maturité et que les 
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esprits sont préts a une collaboration inter- 
nationale. 

Parmi les branches d’activité scientifique 
auxquelles l’énergie atomique a donné un essor 
considérable, la métallurgie et, plus générale- 
ment, la connaissance des matériaux sont des 
disciplines dont l’extension, déja notable depuis 
quinze ans, va sans doute se poursuivre tres 
loin. Elles sont en effet basées sur un ensemble 
de techniques qui sont au centre du développe- 
ment de l’énergie nucléaire et des réalisations 
pacifiques, qui en conditionnent les progrés et en 
jalonnent les étapes. Chaque amélioration ap- 
portée aux performances dont sont capables les 
matériaux de structure, les matiéres fissiles ou 
les modérateurs de nos réacteurs peut se traduire 
par un abaissement du cott de l’énergie produite. 
Tout progres dans le domaine des matériaux 
nucléaires est donc susceptible d’avoir de vastes 
répercussions. 

L’énergie atomique a imposé a la métallurgie 
traditionnelle des techniques trés raffinées qui 
étaient, récemment encore, du domaine du 
laboratoire et qui maintenant se répandent de 
plus en plus dans l’industrie. Cette générali- 
sation de lemploi de méthodes industrielles 
nouvelles, je pense par exemple aux énormes 
progrés accomplis dans les techniques du vide, 
constitue pour une revue comme celle-ci, un 
important facteur d’intérét non seulement pour 
les spécialistes de l’énergie atomique mais pour 
un important secteur de la métallurgie classique. 

Je crois aussi qu’inversement, des progrés pure- 
ment techniques ou technologiques sont 4 méme 
de faire progresser la connaissance scientifique 
pure. Des recherches 4 caractére appliqué, telles 
que celles dont nous avons besoin pour nos pro- 
jets de réacteurs atomiques, peuvent étre utiles 
a la recherche fondamentale dans le domaine 
de la physique et de la chimie de l’état solide. 


2 INTRODUCTION 


Tout cela justifie amplement la création d’une 
revue consacrée aux matériaux nucléaires qui 
rapidement intéressera un public scientifique et 
industriel plus large que celui des métallurgistes 
nucléaires. De plus, le caractére international 
qui, dés le départ, lui est donné, tant par ses 
collaborateurs que par les lecteurs qu’il cherche 
& atteindre, constitue un élément positif de 
progrés qu il faut souligner. I] est plus utile 
de créer une revue internationale qui ouvre les 
frontiéres aux idées et aux connaissances scienti- 
fiques et techniques que d’en restreindre la 
diffusion & une nation. Dans la mesure ot |’on 
multiplie les contacts entre nations, la science 
s’enrichit de courants nouveaux. Le secteur de 


la métallurgie nucléaire est maintenant trés 
largement affranchi du secret, qui, il y a peu 
d’années encore, restreignait considérablement 
la circulation des connaissances. Seul subsiste 
parfois le secret commercial qui ne constitue 
qu’une étape temporaire. La voie est donc 
ouverte 4 un échange plus libre des acquisitions 
nouvelles de la science et de la technique. 
C’est un des mérites et non des moindres des 
créateurs de ce “Journal des matériaux nu- 
cléaires”” que de l’avoir compris et c’est sans 
doute le meilleur garant du succés de leur 
initiative. 
Professeur FRANCIS PERRIN 


Haut-Commissaire au C.E.A. 


INTRODUCTION 


When I was asked to write a short intro- 
duction. for the first issue of the “Journal of 
Nuclear Materials’’, the Editors of this periodical 
hoped in this way to pay tribute to the part 
played by the French in its creation. 

It was during the 1955 Geneva Conference 
that Charles Eichner conceived the idea of an 
international periodical in which might be 
assembled the results of investigations in that 
whole sector of Metallurgy which is devoted to 
applications in the field of nuclear energy. This 
idea was too new to be capable of realisation at 
that time. It is true that much had recently 
been declassified, but this was still too recent 
to allow international collaboration to be at 
once put into effect. 

Charles Eichner, one of the first metallurgists 
to join the small team which constituted the 
nucleus of the French Commissariat a |’ Energie 
Atomique, died in 1955, but the idea which he 
had conceived went on growing. 

Professor Lacombe and various French metal- 
lurgists of the Commissariat a l’Energie Atomi- 
que again took up this project and brought it 
up at the second International Conference of the 
United Nations on Peaceful Uses of Atomic 


Energy at Geneva in 1958. It was at once 
welcomed by numerous eminent metallurgists, 
especially those from England and America. 
The main outlines of this international periodical 
were established and only a few months have 
elapsed between the preliminary conversations 
and the issue of this first number. 

This speed is a sign that the project initiated 
three and a half years ago has now come of 
age and that minds are now attuned to inter- 
national collaboration. 

Among those branches of scientific activity 
to which atomic energy has given a considerable 
impetus, metallurgy and, more generally, know- 
ledge of materials are disciplines the growth of 
which, already notable during the last fifteen 
years, will no doubt long continue. They are in 
effect based on an ensemble of techniques 
which are central to the development of nuclear 
energy and its peaceful applications, techniques 
which determine progress and mark its stages. 
Every improvement in the performance of 
which structural materials, fissile materials and 
moderators in our reactors are capable, can be 
translated into a reduction in cost of the energy 
produced. Any progress in the domain of 
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nuclear materials is therefore liable to have 
very great repercussions. 

Atomic energy has superimposed on tradi- 
tional metallurgy some very refined techniques, 
quite recently still laboratory arts but now 
spreading in industry. This expansion, and the 
use of other industrial methods —I am thinking 
for instance of the enormous advances accom- 
plished in vacuum techniques—constitutes for 
a periodical such as this an important field of 
interest, not only for specialists in atomic 
energy but also for a large sector of classical 
metallurgy. 

I believe also that, conversely, purely tech- 
nical or technological advances will also lead to 
progress in pure science. Applied researches 
such as those which we need for our atomic 
reactor projects can be useful for fundamental 
research in physics and the chemistry of the 
solid state. 

All this amply justifies the creation of a 
periodical devoted to nuclear materials, which 
will soon interest a scientific and industrial 
public wider than the circle of nuclear metallur- 
gists. Moreover, the international character 


which has been given to it from the start, both 
by its collaborators and also by the readers which 
it seeks to reach, constitutes a positive element 
of progress which must be emphasised. It is more 
useful to create an international review which 
opens frontiers to ideas and to scientific know- 
ledge and techniques, than to restrict their 
spread to one nation. To the degree that 
contacts between nations are multiplied, science 
is enriched by new currents. Nuclear metallurgy 
is now largely released from secrecy, which, 
even a few years ago, considerably restricted 
the spreading of knowledge. Only commercial 
secrecy still occasionally remains and this is 
but a temporary stage. The way is thus open 
to a freer exchange of the new acquisitions of 
science and technology. 

It is not the least merit of the creators of this 
“Journal of Nuclear Materials” that they have 
understood this and it is doubtless the best 
guarantee of the success of their initiative. 


Professor FRANCIS PERRIN, 


High Commissioner of the French 
Atomic Energy Commission 


EDITORS’ NOTICE 


The Journal of Nuclear Materials, like its sister 
journals NUCLEAR PHYSICS and NUCLEAR IN- 
STRUMENTS, is to be entirely international in 
character. The Editorial Advisory Board con- 
sists of representatives from many countries in 
all parts of the world. 


The two Geneva Conferences have brought out 
very clearly the central importance of the 
metallurgist, ceramist and solid-state physicist 
in the nuclear-energy industry, and it has also 
become obvious that the volume of relevant 
work in these fields is very rapidly expanding. 


Several directors of research have emphasised 
the benefit they would derive from the existence 
of a single periodical, devoted exclusively to 
papers of high scientific or technological 
standard in this field, which they could regard 
as the central international repository of 
important advances in the science and tech- 
nology of ‘“‘nuclear materials”. At present, such 
papers are necessarily scattered in very many 
periodicals in diverse disciplines and various 
countries. Although, evidently, a single journal 
could print only a minority of papers published 
in the field, it is our hope that the JoURNAL OF 
NUCLEAR MATERIALS will contain sufficient 
publications— both original papers and occa- 
sional critical reviews — to assure the reader that 
he will miss no important advances in the field 
with which we are concerned. 


A special feature of the JOURNAL OF NUCLEAR 
MATERIALS will be that space is to be available 
for full and detailed publication of the methods 
and results of an investigation, where this is 
appropriate. 


It is our hope that these contributions will 
foster, and form a record of the development 


of a coherent science and technology of atomic 
materials. 


The restriction of the journal’s scope is central 
to our policy, because only by these means can 
the above-mentioned aims be realised. Papers 
should be of interest to those who design nuclear 
reactors, including thermo-nuclear apparatus. 
They should deal with the properties, whether 
fundamental or of more immediately practical 
interest, of solid or liquid metals and alloys, 
ceramics, cermets, graphite or moderating or 
cooling liquids. The influence of radiation on 
such materials will constitute an important part 
of the publication programme. For the present, 
extractive metallurgy and chemical processing 
of fuels will be excluded from the purview of the 
journal, but papers on casting, fabrication, 
sintering etc., and on corrosion, will be eligible, 
particularly if the problems and their solutions 
are well stated and are of reasonably general 
and lasting interest. Theoretical papers dealing 
with topics such as irradiation growth, Wigner 
energy in graphite, sintering mechanisms, alloy 
structure ete., will be welcomed. 


We invite submission of further papers, for 
the early issues of the journal. Short letters to 
the Editors may be submitted where especially 
rapid publication of a preliminary announce- 
ment of results is desired. Papers and letters 
may be in English, French or German. 


The first issue will appear in the Spring of 
1959, and publication will at first be quarterly. 


R. W. Cann 
J. P. Howe 
P. LacomMBE 


NOTE DES REDACTEURS-EN-CHEF 


Le Journal des Matériaux Nucléaires, tout 
comme les revues NUCLEAR PHYSICS et NUCLEAR 
INSTRUMENTS qui lui sont similaires, aura un 
caractére tout a fait international. Le Conseil 
des Editeurs est composé de représentants 
appartenant a de nombreux pays de toutes les 
parties du monde. 


Les deux conférences de Geneve ont trés 
clairement mis en évidence le réle important du 
métallurgiste, du céramiste et du physicien de 
létat solide dans l'industrie de l’énergie nucléaire 
ainsi que la rapide extension prise par le volume 
des publications traitant de ces sujets. 


De nombreux directeurs de recherches ont 
souligné le profit qu’il y aurait a créer un seul 
périodique qui serait uniquement consacré a ce 
domaine en présentant des articles de haute 
tenue scientifique et technique, et que l’on 
pourrait considérer comme le répertoire inter- 
national centralisant les progrés importants 
réalisés dans la science et la technologie des 
“matériaux nucléaires”’. Actuellement ces artic- 
les se trouvent forcément dispersés dans de 
trés nombreux périodiques de langues diverses 
spécialisés dans des branches différentes. Bien 
qu il soit évident qu’un seul journal ne peut 
imprimer qu’un nombre restreint de papiers 
publiés dans ce domaine, nous espérons que le 
JOURNAL DES MATERIAUX NUCLEAIRES con- 
tiendra un nombre suffisant de publications — 
articles originaux comme revues critiques a 
Voccasion — pour que le lecteur soit assuré quwil 
ne lui échappe aucune nouveauté importante 
dans le domaine qui nous intéresse. 


Un caractere particulier du JOURNAL DES 
MATERIAUX NUCLEAIRES sera doffrir assez de 
place pour une publication complete et détaillée 
des méthodes et des résultats d’une recherche 
quand ceci est nécessaire. 


Notre espoir est que ces contributions active- 
ront la diffusion des informations ayant trait 


au développement d’une science et d’une 
technologie cohérente des matériaux nucléaires. 


Notre préoccupation principale est de définir 
avec précision le domaine de publications de 
notre journal parce que c’est le seul moyen 
d’atteindre les objectifs ci-dessus. Les articles 
publiées devront intéresser tous ceux qui 
concoivent les réacteurs nucléaires y compris 
Vappareillage thermo-nucléaire. Ils devront 
traiter des propriétés soit fondamentales, soit 
appliquées des métaux et alliages solides ou 
liquides, des céramiques, des ‘‘cermets’”, du 
graphite ou des liquides modérateurs ou de 
refroidissement. L’influence des radiations sur 
ces matériaux constituera une part importante 
du programme de publication. Pour le moment, 
la métallurgie extractive et le traitement chimi- 
que des combustibles nucléaires seront exclus 
de cette revue, mais les articles sur la coulée, la 
fabrication, le frittage etc. et la corrosion 
pourront étre acceptés, en particulier si les 
problemes et leurs solutions sont bien posés, et 
dintérét général et a longue échéance. Des 
articles théoriques traitant de sujets tels que la 
croissance sous irradiation, l’énergie de Wigner 
dans le graphite, les mécanismes de frittage, la 
structure des alliages etc. seront accueillis 
favorablement. 


Nous invitons les auteurs a soumettre des 
mémoires pour les premiers numéros du Journal. 
De courtes lettres aux Editeurs peuvent étre 
présentées quand une publication particuliére- 
ment rapide, annongant les résultats prélimi- 
naires d’une recherche, est souhaitée. Les 
articles et les lettres aux Editeurs peuvent étre 
rédigées en Anglais, Francais ou Allemand. 


Le premier numéro paraitra au printemps de 
1959 et la publication sera trimestrielle, au 
début. 

R. W. Cann 
J. P. Howe 
P. LAcoMBE 
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TRANSFORMATION TEMPERATURES AND STRUCTURES IN 
URANIUM-FISSIUM ALLOYS 


M. V. NEVITT and S. T. ZEGLER 


Argonne National Laboratory, Lemont, Ill., U.S.A. 


Received 15 January 1959 


Solid state transformation temperatures and resulting 
structures are detailed for alloys of uranium with 
certain fission-product elements that might remain in 
a spent fuel from a fast reactor following pyrometal- 
lurgical refining. These elements, the aggregate of 
which is called “‘fissium’’ (Fs), are Zr, Nb, Mo, Te, 
Ru, Rh and Pd. The phase relations can be related to 
those in the dominant U-Mo-Ru ternary system. The 
uranium gamma phase is stabilized down to 552° C, 
while the beta phase is entirely suppressed at high 
fissium contents. Certain crystallographic data are 
given and the minor phases that occur in the alloys 
are identified. 


Les températures de transformation dans l’état solide 
et les structures qui en résultent sont précisées pour 
des alliages d’uranium avec certains éléments prove- 
nant de la fission, qui peuvent subsister dans un 
combustible utilisé par un réacteur rapide a la suite 
d’un raffinage pyrographique métallurgique. Ces 
éléments dont le mélange est appelé ‘“‘fissium’’ (F's) 
sont Zr, Nb, Mo, Tc, Ru, Rh et Pd. Les relations de 
phase peuvent étre reliées & celles du systéme 


1. Introduction 


Recent summaries!) have described how 
spent nuclear fuel will be pyrometallurgically 
refined for re-use at Argonne National Labora- 
tory’s Experimental Breeder Reactor II, a fast 
reactor now under construction at the National 
Reactor Testing Station. In a remote handling 
facility the uranium alloy fuel will be melted 
in a zirconia crucible and held molten for 
several hours in the temperature range 1300° C 
to 1400° C. The volatile fission products xenon, 
krypton and cesium will boil off, while barium 
and strontium will react with the crucible 


ternaire dominant U-Mo-Ru. La phase gamma de 
luranium est stabilisée en-dessous de 550° C, tandis 
que la phase béta est entiérement supprimée pour les 
teneurs elevées en fissium. Certaines données cristallo- 
graphiques sont précisées et les phases mineures qui se 
produisent dans les alliages sont identifiées. 


Umwandlungstemperaturen und die dabeiauftretenden 
Strukturen werden fiir Legierungen aus Uran und 
einigen Spaltungsprodukten mitgeteilt, die in eimem 
verbrauchten Brennelement eines schnellen Reaktors 
nach einer pyrometallurgischen Aufbereitung zurtick- 
bleiben kénnen. Diese Spaltungsprodukte, deren 
Gesamtheit ‘‘Fissium”’ (Fs) genannt wird, sind die 
Elemente Zr, Nb, Mo, Te, Ru, Rh und Pd. Die 
Phasenverhaltnisse kénnen auf die des _ vorherr- 
schenden, ternéren U-Mo-Ru Systems bezogen werden. 
Die y-Phase des Urans ist stabil bis herab zu 552° C, 
wahrend die 6-Phase bei hohen Fissiumgehalten véllig 
unterdrickt ist. Eimige kristallographische Daten 
werden mitgeteilt und die Legierungsphasen werden 
identifiziert. 


material and adhere in a reaction layer on the 
crucible walls. No zirconium will be removed 
by this process, although some removal can be 
effected by carbide drossing. The other fission 
products, refractory metals of the second long 
period, niobium, molybdenum, technetium, ru- 
thenium, rhodium and palladium will also not 
be removed. During repeated fuel recycling these 
will build up, as a complement of residual 
elements called ‘“‘fissium”, to an equilibrium 
concentration that depends on the percentage 
of new fuel that is added per cycle. It has been 
estimated 2) that a typical composition that 
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might result after many reprocessing cycles 
using U285 as the fissionable base material is as 
follows: 


Zirconium 0.10%+ Ruthenium 2.63 % 
Niobium C2019, Rhodium 0.47 % 
Molybdenum 3.42 % Palladium — 0.30 % 
Technetium 0.99 % Uranium ~ 92.09 


The purpose of this investigation was to 
determine solid state transformation tempera- 
tures and structures for a series of potentially 
important uranium-fissium alloys in which all 
of the alloying elements given above except 


in this ternary system in which the weight ratio 
Mo:Ru is 1.0:0.8, approximating the ratio of 
the two elements in the uranium-fissium alloys. 
Because of the close similarity between the 
transformations in U-Ru-Mo alloys and those 
in the uranium-fissium alloys, this vertical 
section has been very helpful and it will be 
found useful to refer to it during subsequent 
portions of this paper. 


2. Experimental Procedure 


Five compositions were synthesized from 
stable isotopes with a substitution of additional 
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ratio of 1:0.8. (From unpublished work by Dwight). 


technetium were present and, with one excep- 
tion, all remained in essentially constant ratios 
with respect to each other. 

Despite the complexity of the uranium- 
fissium alloy compositions, the behavior of the 
alloys can be interpreted in terms of the phase 
relations in the dominant U-Mo-Ru ternary 
system, which has been the subject of a con- 
current study in this laboratory by Dwight 8). 
Fig. 1 shows a portion of the vertical section 


All alloy compositions are expressed in weight 
: iP D g 
percent. 


molybdenum and ruthenium for technetium. 
Uranium of 99.98 % purity was used for the 
alloys. The purity of the alloying elements was 
99.85 % or better. Table 1 gives the average 
compositions of the alloys studied as deter- 
mined by chemical analyses and also shows for 
each composition the ratio of the concentration 
of each alloying element in weight percent to 
that of molybdenum, X%:Mo%. It can be seen 
that fissium (Fs) denotes the aggregate of 
alloying elements for which the weight ratio 
of Zr: Nb: Mo: Ru: Rh: Pd retains an essentially 
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TABLE | 


Compositions of uranium-fissium alloys 


af +, O a 
U-3 wt % Fs U-5 wt % Fs U-8 wt %Fs | U-10 wt %Fs es 2 as 
Hlcment ratio ratio ot ratio of ratio Lo ratio 
wt | xopiMo% |¥* | Xq%/Mo% |¥*% | X%fMo% |" /°| X%/Mo% |" © | X%/Mo% 
Ze (0.03 | 0.02 0.05 | 0.02 0.07 0.002 | 0.1 0.02 2.3 0.96 
Nb | 0.006) 0.004 | 0.01 0.004 | 0.02 | 0.005 | 0.02} 0.004 | :0.01 | (0.004 
Mo |1.4 1.0 241) 120 3.8 1.0 4.8 1.0 2.4 1.0 
Ru | 0.71 2 0.83 3 0.79 4 0.83 2 0.83 
Rh 0.2 0.14 0.3 0.12 0.4 0.10 0.6 0.12 0.3 0.12 
Pa |0.1 0.07 0.2 0.08 0.3 0.08 0.4 0.08 0.2 0.08 
U Bal. is Bal. evs Bal. Be Bal. = Bal. ee 


constant value of 0.02:0.003:1:0.8:0.1:0.08. 
Using this nomenclature, the first four alloys 
of Table 1 contain respectively 3, 5, 8 and 
10 wt % Fs. The fifth alloy has a higher concen- 
tration of zirconium than required in fissium 
and was intended to simulate a composition that 
might result from a variation of the refining 
process. Its designation is logically U-5 wt % 
Fs - 2:25--wt % Zr. 

Several samples of each composition weighing 
approximately 50 g each were prepared by 
arc-melting in a furnace previously described 4). 
Good homogeneity was attained by melting the 
buttons six times. By means of differential 
thermal analysis the approximate solid state 
transformation temperatures were determined 
for each composition using specimens prepared 
from the cast samples. Then the transformation 
temperatures were determined more accurately 
and the nature of the transformations established 
by means of metallographic and X-ray diffrac- 
tion studies using samples annealed at various 
temperatures after an initial homogenization 
at 825° C. The annealing treatments for metal- 
lography were carried out on small specimens 
wrapped in tantalum foil and sealed in Vycor 
tubes that had been evacuated at room tempe- 
rature to a pressure of 2x 10-®§ mm of mercury. 
Annealing times varied from twenty-four hours 
to one week, depending on the temperature and 
the nature of the transformation. Specimens for 
X-ray diffraction consisted of solid needle- 
shaped specimens about 0.06 cm in diameter 


that had been ground from larger pieces. After 
preparation these were annealed in the same 
way as the metallographic specimens and after 
annealing they were electrolytically cleaned in 
a perchloric-acetic acid bath to remove the 
microscopic layer of oxidation products that 
formed during annealing. Many of the needles 
were examined metallographically after the 
X-ray diffraction photograms had been taken, 
to provide an additional correlation between 
the metallographic and X-ray studies. The 
diffraction patterns were obtained with a 
114.6 mm diameter Debye-Scherrer camera 
using filtered CuK-« or CrK-a« radiation. The 
lattice parameters of the beta phase were 
determined from back-reflection lines by a 
modified Cohen least squares method. A Nelson— 
Riley graphical extrapolation method was 
employed to determine the lattice parameter of 
the gamma phase. 


3. Results 


3.1. EQUILIBRIUM TRANSFORMATION TEMPERA- 
TURES AND STRUCTURES 


Although pure gamma uranium is not stable 
below 769.4° C5), the alloyed gamma of all of 
the uranium-fissium alloys persists as a stable 
phase down to 552°C, where it apparently 
decomposes eutectoidally. The formation of the 
beta phase from the gamma is lowered from 
769.4° C to 682° C by 3 wt % Fs. Higher fissium 
contcnts entirely suppress the beta phase, and 
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the alpha phase forms directly from gamma. 
Only three other phases are found: (a) A phase 
whose X-ray diffraction pattern indicates that 
it is isomorphous with the compound U2Ru 
found by Dwight #) and by Park 6). The crystal 
structure of UzRu has not been reported. (b) A 
low temperature phase which is isostructural 
with the delta phase in the uranium-molyb- 
denum system. The crystal structure of delta 
has been reported to be tetragonal of the 
MoSie-type ”). (c) A CsCl-type phase, ZrRu, 
which has been studied by Dwight 8), that only 
occurs in an identifiable concentration in the 
high zirconium alloy. Hereafter these three 
phases will be referred to respectively as UsRu, 
delta and ZrRu, although it is acknowledged 
that they may exhibit solubility for the other 
components of the alloys and thus deviate from 
their binary compositions. 

The equilibrium transformations will now be 
discussed for each of the alloys: 


U-3 wt % Fs 


This alloy was found to retain a single phase 
gamma structure down to 682 + 2°C where a 
precipitation of beta begins. The co-precipita- 
tion of beta and UzRu begins at 660 + 3°C, 
and at 636 + 2°C beta decomposes eutectoid- 
ally into alpha plus gamma plus U2Ru. Fig. 2 
shows the microstructure of beta (white) plus 
gamma (gray) plus UzRu (black) that results 
when this alloy is annealed one week at 657° C 


sat 1 — ; 

Gamma plus beta plus UzRu structure in 

Fs alloy quenched from 657°C; 350 x; 
Etchant: Phosphoric acid. 


Fig. 2. 
1:3'9% 
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and water-quenched. Reference to Fig. 1 shows 
that this three phase structure is the same as 
that in the U-Mo-Ru ternary alloy having 
3 wt % (Ru+Mo) in the fissium ratio. The 
temperature at which delta forms was found to 
be 552 + 3° C. From Dwight’s work ) it appears 
that its formation results from the eutectoidal 
decomposition of gamma to alpha plus delta 
plus UsRu. 


U-5 wt % Fs 

Single phase gamma is stable down to 
725 + 3° C where the rejection of UzRu begins. 
Beta does not occur in this alloy, although 
Fig. 1 shows that it does occur in the ternary 
alloy having 5 wt % (Mo+ Ru) in the fissium 
ratio. Gamma begins to reject alpha at 642 + 2° 
C. The formation of the delta phase is placed at 
552 + 3° C. Fig. 3 shows the structure of acicular 
Ue2Ru in a matrix of metastable gamma pro- 
duced by quenching from 640°C after slow 
cooling from 825° C. 


U-8 wt % Fs and U-10 wt % Fs 


The transformations and resulting structures 
in these two alloys parallel those in the U-5 wt % 
Fs alloy. For 8 and 10 wt °% Fs the rejection of 
UeRu is initiated at 812 + 10° C and 832 + 3°C 
respectively. Both alloys have larger equilibrium 
concentrations of UzRu than the 5 wt % Fs alloy. 
Initial alpha rejection begins at 607 + 7° C for 
the U-8 wt % Fs alloy and at about 580° C for the 


Fig. 3. 


Ue2Ru needles and gamma in U-5 % Fs alloy 
quenched from 640° C after slow cooling from 825° C; 
350 <x; Etchant: Phosphoric acid. 
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U-10 wt % Fs alloy. The temperature of forma- 
tion of the delta phase was again found to be 
552 + 3°C for both alloys. The fact that the 
delta formation temperature is the same at all 
fissium concentrations suggests that delta forms 
by a common isothermal transformation and 
supports the belief that it is the eutectoidal 
decomposition of the gamma phase. Fig. 4 
shows the structure of the U-8 wt % Fs alloy 
water-quenched after 2 days at 500°C. The 
dark, blunted needles are UsRu, and X-ray 
diffraction results show that the unresolved 
matrix contains alpha and delta. 


U-5 wt % Fs— 2.25 wt % Zr 


The addition of 2.25 wt % Zr to the U-5 wt % 
Fs alloy results in the suppression of the UzRu 
phase. Instead, the CsCl-type compound ZrRu 
occurs as a stable phase from as high as 975° C 
down to room temperature. Gamma coexists 
with ZrRu down to 662 + 3° C where a 
rejection of alpha from gamma begins. Fig. 5 
shows the structure of gamma plus alpha 
plus ZrRu that is observed when the alloy 
is quenched from 650° C. The ZrRu is in 
the form of a discontinuous network with 
alpha precipitated around it. A precipitation 
of the delta phase again occurs at 552 + 3° C 
but the nature of its formation in this alloy 
is not certain. 


Fig. 4. 
U-8 % Fs alloy quenched from 500°C; 
Etchant: Phosphoric acid. 


Alpha plus delta plus UsRu structure in 
350 X ; 
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Fig. 5. Gamma plus alpha plus ZrRu structure in 
U-5 % Fs — 2.25 % Zr alloy quenched from 650° C; 
350 x; Etchant: Phosphoric acid. 


3.2. 


Water quenching of the U-3 wt % Fs alloy 
from the single phase gamma region does not 
produce complete gamma retention at room 
temperature. Instead a mixture of gamma and 
the supersaturated martensitic alpha results. 
The beta phase, which in the temperature range 
636° C to 675 °C coexists with gamma or with 
gamma plus U2Ru, can be readily retained by 
water quenching. In the alloys containing 5, 8 
and 10 wt % Fs all-gamma structures can be 
retained by quenching, with an increase in the 
sluggishness of the gamma _ transformation 
accompanying an increase in fissium content. 
In the U-10 wt % Fs alloy a structure of gamma 
plus U2Ru can be retained at room temperature 
even when the cooling rate from 850° C is as 
slow as 0.75° C per minute. In the U-5 wt % Fs — 
2.25 wt % Zr alloy the formation of the ZrRu 
compound serves to decrease the concentration 
of Ru in the gamma solid solution, and the 
resulting gamma is more similar in its non- 
equilibrium transformation characteristics to 
that of the U-3 °% Fs alloy. At all fissium levels 
the formation of the delta phase is easily 
suppressed by cooling rates as low as 1°C 
per minute. 


NON-EQUILIBRIUM STRUCTURES 


3.3. CRYSTALLOGRAPHIC DATA 


Fig. 6 shows the relation between the room 
temperature gamma phase lattice parameter 
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parameters of uranium-fissium alloys. 


and the fissium concentration for the alloys 
in which a retained-gamma structure can be 
produced. The compositions shown are those 
of the 5, 8 and 10 wt % Fs alloy, converted to 
atomic percent using a weighted mean atomic 
weight of 98.3 for fissium. Hach alloy was 
quenched from a temperature at which it con- 
sisted entirely of the gamma phase. The lattice 
parameter is seen to be linear with solute 
concentration in the range studied. Extra- 
polation to zero fissium concentration yields an 
ao of 3.479 A, which is slightly higher than the 
value of 3.474 A derived by Wilson and Rundle 9) 
by a similar extrapolation with uranium- 
molybdenum alloys. 

Lattice parameters determined for the beta 
phase in the U-3 wt % Fs alloy quenched from 
650° C are as follows: ao=10.611 + 0.001 A; 
co=5.590 + 0.001 A; c/a=0.527. The limiting 
solubility of fissium in the beta phase was not 
determined in this investigation. However, the 


work of Dwight 3) indicates that the solubility 
at 650° C is probably around 0.5 wt %. No data 
were obtained on the solubility of fissium in 
alpha uranium or the effect of dissolved fissium 
on the lattice parameter. 

None of the diffraction photograms yielded 
delta phase or U2Ru phase patterns having 
sufficient line intensity and quality for lattice 
parameter measurements. An do value of 3.27 A 
was determined for the ZrRu phase in the 
U-5 wt % Fs — 2.25 wt % Zr alloy. This value 
is in fair agreement with the value of 3.253 A 
determined by Dwight 8) on the pure compound. 


4. Summary 


On cooling from the gamma phase the U-3 wt 
% Fs alloy undergoes a series of transformations 
involving the three allotropic forms of uranium 
and the UzRu and delta phases. The 5, 8 and 
10 wt % Fs alloys exhibit simpler transformation 
characteristics in that the formation of beta 
uranium is entirely suppressed. In all of these 
alloys the gamma solid solution exists as a 
stable phase down to 552° C. The general phase 
relations closely resemble those in the U-Mo-Ru 
ternary system. When additional Zr is added 
to the U-5 wt % Fs alloy the compound ZrRu 
occurs instead of UsRu. 

When the U-3 wt % Fs alloy is quenched from 
the gamma phase temperature region a trans- 
formation to martensitic alpha occurs with a 
partial retention of gamma. In the 5, 8 and 
10% Fs alloys complete gamma retention 
occurs on quenching. The transformation of 
gamma to the low temperature phases becomes 
increasingly sluggish as the fissium concen- 
tration increases. The U-5 wt % Fs — 2.25 wt % 
Zr alloy has non-equilibrium transformation 
characteristics similar to those of the U-3 wt % 
Fs alloy. 
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ETUDE DES ALLIAGES ALUMINIUM-URANIUM 
APPLICATION A LA TRANSFORMATION A L’ETAT SOLIDE UAI; — UA, 


RENE BOUCHER 


Service Radiométallurgie C.E.N., Fontenay-aux-Roses, France 


Recu le 15 décembre 1958 


_La coalescence de l’eutectique UAl, + Al est étudiée 
micrographiquement pour 2 alliages & 10.8 et 25 % en 
poids d’uranium dans Al, recuits a 600° C, 500°C et 
400° C pendant des temps variant de $ heure a 600 
heures. Un traitement de 10 heures a 600° C permet 
d’abaisser notablement la dureté de l’alliage, la phase 
UAI, se rassemblant en nodules et rendant plus facile 
la réalisation de combustible du type dispersé. 

La cinétique de la transformation UAlz; > UAls a 

_ Vétat solide est observée micrographiquement. La 

__ phase UAI; est conservée par trempe dans lhuile & 

partir de 750°C puis lalliage maintenu a 600°C 

pendant des temps différents pour obtenir UAl,. Dans 
un alliage & 40 % en poids d’U et 60 % en poids d’Al, 
la transformation compléte de UAls en UAI, est rapide 

(1 heure & 600° C). Dans un alliage & 35 % en poids d’U 

et 0.1 % en poids de Si, le temps de transformation 

est de 100 heures. Dans un alliage a 35 % en poids d’U 

et 0.6 % en poids de Si aprés 1000 heures & 600° C la 

phase UAls est conservée. Ainsi l’addition d’éléments 
tel que le silicium en quantité relativement faible 
stabilise UAl; non seulement & temperature ordinaire 

mais également jusqu’a 600° C. 

Enfin on a cherché a vérifier l’existence d’un 
domaine d’homogénéité du composé UAI, dont les 
limites généralement admises sont 64.2 a 66.3 % en 
poids d’U; le domain semble beaucoup plus étroit. 


The coalescence of eutectic Al4U + Al was studied 
microscopically. Two aluminium alloys 10.8 wt % and 
25.8 wt % uranium have been annealed at 600° C, 
500° C and 400° C for times from 30 minutes to 600 
hours. During a treatment at 600° C for 10 hours the 
hardness decreases, the compound UAl, coalesces in 
nodules and rolling the alloy is thus casier. 
Kinetics of transformation UAls — UAl, in the 
solid state was studied micrographically. The phase 
UAI3 is retained by oil-quenching from 750° C and the 
alloy is maintained at 600° C to obtain UAl,. In an 
alloy of 40 wt % U and 60 wt % Al the time to achieve 
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the transformation of UAls in UAI, is short (1 hour 
at 600° C). In an alloy of 35 wt % U, 64.9 wt % Al and 
0.1 wt % Si the time of transformation is 100 hours. 

In an alloy of 35 wt % U, 64.4 wt % Al and 0.6 wt % 
Si the phase UAI3 is conserved even after 1000 hours 
at 600° C. 

Thus the addition of elements such as Si in relatively 
small proportions stabilizes UAl3; not only at room 
temperature but also up to 600°C. 

Finally the extent of the homogeneity domain of 
UAl, has been investigated. This domain appears 
much narrower than generally supposed (64.2 wt %- 
66.3 wt % U). 


Die Umwandlung des UAl, + Al Eutektikums wurde 
mikrografisch fiir zwei Legierungen, 10.8 Gew % 
und 25 Gew % U, nach Ausgliihen bei folgenden 
Temperaturen: 600°C, 500°C, 400°C wahrend 4 
Stunde bis 600 Stunden untersucht. Nach einem Aus- 
glihen von 10 Stunden bei 600° C, erlangt man eine 
nennenswerte Verminderung der Harte. Die UAl, 
Phase sammelt sich in Knollen. 

Die Kinetik der Umsetzung UAls > UAI, im festen 
Aggregatzustand wurde mikrografisch gemessen. Die 
UAls Phase ist durch Olhartung bestandig gemacht, 
und die Legierung wahrend verschiedenen Zeiten bei 
der Temperatur von 600° C gehalten. Fiir die Legie- 
rung: 40 Gew % U, 60 Gew % Al ist die Umsetzung 
sehr rasch (1 Stunde, 600°C). Fiir die Legierung: 
35 Gew % U 0.1 Gew % Si ist die Zeit der vollen 
Umsetzung: 100 Stunden. Fiir die Legierung: 35 Gew 
% U, 0.6 Gew % Si besteht die UAl3 Phase nach 100 
Stunden bei 600° C. Es zeigt sich dass der Zusatz von 
geringen Mengen von Elementen, wie Silizium, UAl, 
nicht nur bei gewohnlichen Temperaturen sondern 
auch bei der Temperatur von 600° C stabilisiert. 

Schliesslich hat man die Existenz des Homogen- 
gebiets von UA], untersucht. (Allgemein angenommen 
zwischen 64.2 und 66.3 Gew % U.) Das Gebiet scheint 
in Wirklichkeit viel enger. 
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1. Introduction 

Les alliages Al-U et Al-Pu présentant de 
nombreuses analogies entre eux, une étude 
préliminaire d’échantillons Al-U a été entreprise 
pour faciliter celle des alliages Al-Pu rendue 
délicate par Vextréme toxicité du plutonium. 

Ces alliages sont intéressants pour la fabri- 
cation des combustibles nucléaires. En effet ils 
permettent d’obtenir une dispersion de matiére 
fissile dans une matrice de section efficace 
relativement faible. Leur préparation est facile 
et leur prix de revient peu élevé. Gainés 
d’aluminium, ils résistent bien a la corrosion 
par eau & basse température et semblent étre 
un combustible idéal pour les réacteurs de 
recherche ou les piles-piscines. Leur utilisation 
est limitée dans le cas des piles a température 
élevée ott leur tenue mécanique et leur résistance 
a la corrosion sont insuffisantes. 

En vue d’applications pratiques lVétude a 
porté principalement sur deux points: 


1.1. LA COALESCENCE DE L’EUTECTIQUE 
Al,U+ Al 


Provoquée par des recuits 4 températures 
inférieures a celle de la transformation eutec- 
tique, la coalescence est compléte pour des 
temps rélativement courts. Ce phénoméne 
s’accompagne d’une diminution de dureté et 
rendra plus facile le laminage des alliages. 

Ceci permet de réaliser aisément des combu- 
stibles de type dispersé répondant aux exigences 


suivantes: 

Dispersion uniforme; 

Phase continue formant la matrice et présen- 
tant un volume rélatif aussi grand que possible. 

On limite ainsi les dommages causés par les 
particules des produits de fission a la phase 
dispersée et & une région trés réduite entourant 
chaque nodule fissile. 


Ue2: 

Il y a intérét, pour rendre plus aisée la 
fabrication et le laminage de ces alliages AI-U, 
a diminuer autant que possible le volume du 
composé intermétallique, au bénéfice de la 


LA TRANSFORMATION UAls > UAL, 


matrice Al. Le composé UAIs est, de ce point 
de vue, plus souhaitable que UAly. Mais UAIs 
nest. stable qu’A haute température (voir dia- 
gramme d’équilibre 1) (fig. 1), & moins qu’on 
réussisse & inhiber la réaction péritectique 
UAl 3 -> UAly. On peut le faire par trempe, mais 
un revenu a 600° C provoque trés rapidement 
le retour a la phase stable UAIs. 

W. C. Thurber et R. J. Beaver 2) ont montré 
qu’on pouvait stabiliser UAls a température 
ordinaire par addition d’une quantité suffisante 
(1a 5 %) dun tiers élément comme le silicium. 
Il restait & s’assurer qu’on ne retournerait pas a 
la phase stable UAl,, méme par recuit prolongé. 

Le mécanisme de cette stabilisation est mal 
connu, mais les auteurs ci-dessus ont montré 
que le parametre cristallin de UAls (qui est 
cubique, de type AuCus) diminue a peu prés 
linéairement quant la concentration en Si croit. 
Ils admettent donc que Si se fixe dans la phase 
UAls, ot il vient se substituer a Al. 

On trouvera ci-dessous la description de 
quelques essais sur la cinétique de transfor- 
mation UAlg + UAl, a létat solide, avec ou 
sans addition de silicium et sur l’existence 
supposée d’un domaine d’homogénéité du 
composé UA. 


2. Techniques Experimentales 


2.1. PREPARATION DES ALLIAGES AI-U zr 
Al-U-Si 
ie ANUS 


La gamme étudiée s’étend de 5 % a 70 % en 
poids d’uranium. 

Pour les teneurs comprises entre 5 % et 40 % 
on utilise la méthode de dissolution directe de 
U dans Al fondu au four 4 résistance. Le creuset 
de fusion est en graphite, la lingotiére en 
aluminium. La coulée est faite vers 1200° C 
dans une lingotiére froide. 

Pour des teneurs supérieures 4 40 % d’ura- 
nium on peut effectuer des élaborations par 
chauffage haute fréquence d’un mélange Al-U 
ou utiliser le four a arc. Dans ce cas on recouvre 
Al par de Vuranium qui forme une couche 
protectrice et s’allie ensuite 4 aluminium 3). 
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Par ces deux derniéres méthodes on obtient 
des cristaux d’UAl, mais aussi une certaine 
proportion de cristaux UAls (on a des teneurs 
élevées en uranium et un_ refroidissement 
rapide). Au contraire dans la méthode de 
dissolution directe de U dans Al on obtient 
uniquement des cristaux UAI, dans la matrice. 


2. Al-U-Si 

La gamme des alliages étudiée s’étend de 
15 a 40 % en poids d’uranium, et 
0.1 a 3% en poids de silicium. 

Pour étudier l’influence du Si on a préparé une 
série de 6 alliages de teneur en U constante 
(30 % en poids d’U) et de teneurs croissantes en 
Si (0.38 — 0.6 — 0.9 — 1.2 — 1.5 et 18% en 
poids de Si). 


$0 60 70 80 90 100 
POIDS POURCENT EN U 


ALUMINIUM URANIUM DIAGRAMME D’EQUILIBRE 


Diagramme extrait de “‘preparation, properties and cladding of aluminium-uranium alloys” par 
Saller 1). 


Les techniques utilisées sont analogues a 
celles employées pour les alliages Al-U. 


2.2. LES TRAITEMENTS THERMIQUES 


1. Trempe 


La phase UAI 3 étant stable & haute tempéra- 
ture (au dessus de 730° C) il est nécessaire de 
tremper les alliages désirés a partir d’un 
domaine “‘liquide+UAl3”’ au-dessus du_péri- 
tectique. Ceci nous oblige a enfermer les 
échantillons dans des récipients étanches et a 
Vabri de lair. On utilise des capsules métalliques 
en tantale qui résiste bicn & U-Al liquide. On 
dispose pour fermer ces capsules d’une instal- 
lation de soudure par l’argon-are 4) se trouvant 
dans une boite a gants 5) étanche. 

L’échantillon est porté & une température 
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légérement inférieure a celle du liquidus et y 
est maintenu pendant 15 minutes. Ensuite a 
partir de cette température l’alliage est refroidi 
en 45 minutes afin de permettre la croissance 
de gros cristaux d’UAl3. On trempe lorsque la 
température atteinte est 750°C, c’est a dire 
légérement audessus de la transformation 
péritectique. Le liquide de trempe est de l’huile 
pour pompe a vide. 

On obtient ainsi des cristaux UAls de dimen- 
sions élevées (4 4 1 mm de long) nous permettant 
de mieux suivre la transformation UAlg — UAl, 
a l’état solide, 4 température inférieure a celle 
de l’équilibre péritectique et d’effectuer des 
mesures de microdureté. 


2. Recut 


Les alliages sont traités, soit dans des fours 
sous vide pour les températures élevées, soit 
dans des ampoules pour les basses températures. 

Il est nécessaire de prendre certaines pré- 
cautions avec les alliages a forte teneur en U 
qui s’oxydent facilement s’ils ne sont pas 
traités, 4 chaud, sous vide ou sous atmosphere 
contrélée. 

2.3. MICROGRAPHIE DES ALLIAGES AI-U ET 
Al-U-Si 

Les échantillons au préalable polis mécani- 
quement suivant les procédés habituels, sont 
ensuite polis électrolytiquement dans un bain 
acéto-perchlorique de composition: 


ClOaH (d=1.61) 20 parties 
CH3COOH cristal. 70 parties 


sous une tension de 10 a 15 volts environ. II est 
nécessaire d’éviter tout échauffement du bain 
et de ne pas dépasser 35 a 40° C avec les alliages 
Al-U-Si. Avec les alliages Al-U-Si il faut opérer 
sous un voltage légerement inférieur. Les temps 
de polissage sont aussi plus courts. 


Pour Videntification des composés UAls et UAIy 
on dispose de plusieurs méthodes: 


a. Méthode électrochimique (la plus usuellement 
utilisé dans cette étude) 


Une solution acétochromique de composition: 


\ CreO3 170 g 
H20 200 cm? 
|] CH3COOH 800 cm? 


sous une tension de 25 volts environ (densité de 
courant 0.2 A/em2) colore les cristaux d’UAl3 
en jaune et ceux d’UAl, en bleu *). Avec les 
alliages Al-U-Si les temps sont doublés. Pour 
la photographie, un filtre jaune placé sur la 
lampe permet de conserver le contraste entre 
les deux couleurs. Sur la micrographie (fig. 2) 
on observe un cristal primitivement d’UAl3 
(couleur foncée) qui présente une zone claire 
périphérique UAl, obtenue aprés un recuit de 
30 minutes a 600° C. Ce cristal est entouré de 
plages d’aluminium (blanches) et d’eutectique 


b. Méthode chimique ®:*) 


Une solution d’acide fluorhydrique a 1% 
attaque les cristaux d’UAlgs qui prennent une 
teinte sombre et laisse intact ceux d’UAl. Le 
temps d’attaque a une grande importance. 

Une solution d’acide nitrique a 50 % attaque 
et colore UAls en jaune paille tandis qu’UAl, 
moins attaqué devient gris. 


c. Hxamen en lumiere polarisée 


UAI 3 cristallisant dans le systéme cubique 
type AuCug et UAL, dans le systéme orthorhom- 
bique, ce dernier est optiquement anisotrope et 
caractérisable en lumiére polarisée (surtout 
aprés recuit provoquant une fragmentation en 
petits cristaux). Cependant la formation possible 
de couches d’oxyde optiquement actives peut 
masquer les phénoménes et on observe parfois 
des cristaux UAls qui “‘polarisent’’. 

Les cristaux UA, colorés au moyen du bain 
acétochromique polarisent normalement. 

La micrographie (fig. 3) montre un cristal 
d UAI, obtenu a partir d’UAls aprés un recuit — 
a 600° C de 60 minutes. 


d. KHtude des microduretés 


Les deux composés intermétalliques UAls et 
UAIl, ont des microduretés trés différentes. 
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Fig. 2. 


Alliage Al-U a 30 % en poids d’U trempé. 
Recuit a 600° C pendant 30 minutes. x 450. 


Ces mesures ont été faites a aide du micro- 
durometre O.P.L. permettant d’appliquer des 
charges comprises entre 2 et 150 grammes. Les 
charges couramment utilisées étaient celles de 
65, 115 et 135 g. Les résultats sont donnés en 
kg/mm2-échelle Vickers. 

Il est nécessaire d’avoir une surface toujours 
préparée dans les mémes conditions. En général 
nos échantillons furent polis électrolytiquement. 
Néanmoins les valeurs sont les mémes pour une 
surface traitée par le bain colorant acéto- 
chromique, ce qui permet de délimiter les zones 
UAL_UAls tout en faisant les mesures de 
microdureté. 

Nous utilisons de préférence la méthode par 
coloration qui présente dans le cadre de cette 
étude de nombreux avantages: 


Fig. 3. 
Observation en lumiére polarisée. x 300. 


Alliage Al-U a 40% en poids d’U. 


Au point de vue micrographique l’eutectique 
est remarquablement mis en évidence et les 
cristaux présentent des bords soulignés trés 
finement. 

Distinction aisée des composés UAls et UA], 
trés commode pour suivre la transformation 
péritectique. Cette méthode est trés sensible et 
permet de détecter, en début de transformation, 
le fin liséré d’UAl, qui entoure les cristaux UAIs. 
Par attaque chimique, les bords étant souvent 
accentués, cette observation est moins aisée. 

Les mesures de microduretés. peuvent étre 
faites sur la surface colorée. Un nouveau polis- 
sage n’est pas nécessaire. Au contraire, sur une 
surface attaquée chimiquement, il est absolu- 


Fig. 4. . Alliage Al-U a 10.8 % en poids d’U. 


Brut de coulée. x 900. 


ment impossible de mesurer les empreintes faites 
dans les cristaux d’UAls. La surface attaquée 
semble “‘spongieuse”’ et les empreintes ne sont 
pas mesurables. 

Enfin UAI, coloré est encore caractérisable en 
lumiére polarisée. 

Par contre, il faut signaler qu’avec les alliages 
Al-U-Si les colorations prennent difficilement 
surtout lorsque la concentration en silicium 
augmente. Les lamelles ou nodules d’UAI, 
provenant de lVeutectique et les cristaux UAl, 
obtenus par transformation d’UAl3 hors 
d’équilibre se colorent normalement en bleu. 
Mais les cristaux UAls se révélent difficllement 
colorables. 
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9.4. EXAMEN AUX RAYONS X 


Enfin tous les résultats obtenus par ces 
différentes méthodes furent vérifiés au moyens 
des rayons X. 

L’examen des échantillons massifs se fait 
avec une chambre Seeman—Bohlin par réflexion 
& Vaide du rayonnement monochromatique 
CrKa (2.289 A). On identifie facilement les 
phases en présence et on peut déceler, par 
comparison, de faibles changements dans les 
dimensions de la maille cristalline. 


3. Résultats 


3.1. COALESCENCE DE L’EUTECTIQUE Al-UAl.- 
VARIATIONS DE LA DURETE 


1. Alliage hypoeutectique de composition 10.8 % 
en poids d’U 
L’alliage élaboré et coulé sous forme d’un 
cylindre a été découpé en trois parties. On s’est 
fixé 3 températures: 600° C — 500° C — 400° C 
et des temps de recuit compris entre 4 heure et 
600 heures. 
La figure 6 présente les courbes de dureté 
(sous charge de 5 kg) en fonction des temps de 
recuit en heures. 


Recuits a 600° C — Variations de la 
dureté et du facies micrographique 


On part d’un alliage brut de coulée (fig. 4) 


dont la dureté Vickers est 35.4 sous charge de 
5 kg. Aprés un recuit de 44 h la globulisation 
est trés avancée. Elle est terminée au bout de 
18 heures (fig. 6), (tableau 1). 


Recuits a 500° C 

La dureté de Valliage brut de coulée est de 
36.5 unités Vickers. Aprés un recuit de 52 
heures la globulisation est beaucoup moins 
poussée qu’aprés 18 h de recuit a 600° C comme 
le montre la comparison des micrographies 5 
et 8. La dureté continue a diminuer réguliére- 
ment jusqu’é 104 h de recuit environ alors 
qu’elle est déja constante vers 18 h a 600° C, 
(tableau 2). 


Recuits a 400° C 


La dureté décroit réguliérement mais ici trés 
faiblement. Au point de vue micrographique on 
note peu de changement et aprés les recuits de 
33, 97, 186, 378 et 642 h la structure est sensible- 
ment identique a celle qu’on a observé apres 
16 h de recuit (fig. 9). 

La diminution de dureté, dans ce cas, n’étant 
pas accompagnée d’une globulisation de leutec- 
tique, on peut linterpréter soit comme un 
relachement des contraintes d’origine thermique 
(anisotropie du composé orthorhombique UAl,) 
soit comme un adoucissement des cristaux 
primaires d’Al, (tableau 3). 


TABLEAU 1 


Temps de recuit en heures. . .. . 


Duretés sous charge de 5 ke. 


Temps de recuit en heures. . .... . 


Duretés sous charge de 5 kg . 


Temps de recuit en heures. . . . 


Duretés sous charge de 5 kg. . 


33 | 97 | 186 | 378 | 642 


33.6 | 32.8 | 32.7 | 33.7 | 31.9 
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2. Alliage hypereutectique de composition 25 % 
en poids @U 


La méme étude fut réalisée sur un alliage 
hypereutectique. 

Les empreintes sont faites, sous une charge 
de 5 kg, d’une part dans leutectique seul et 
d’autre part dans les zones comprenant des 
cristaux UAI, et de ’eutectique. Il convient de 
choisir des zones présentant sensiblement la 
méme densité de cristaux pour avoir une 
moyenne valable. 


recuit 2 600° C 


19 


TRANSFORMATION UAlg > UAl, A L’BTAT 
SOLIDE 


3.2. 


1. Morphologie des cristaux 


Le facies du composé UAls est trés différent 
de celui d’UAly. Les cristaux UAl3 obtenus par 
trempe, aux formes massives, se présentent 
souvent sous forme de parallélépipédes (fig. 10). 

Dans les alliages contenant du silicium les 
cristaux U (Al, Si)3 ont des formes moins 
réguliéres et souvent sont plus déchiquetés 
(ig. 11). 


Temps de recuit en heures. 


Dureté eutectique . 


Recuit a 500° C 
Temps derecuit en heures .... . | 0 | 


Dureté eutectique 


Recuit a 400° C 


Dureté eutectique 


| 45.1 | 42 


Dureté cristaux + eutectique. . . | 55.8 | 51.2 | 48.5 | 47.4 47.1 | 43.4 | 47.1 


50.7 | 48 | 49.8 | 47.1 | 45.9 | 44 | 41 
| | 
| 4 | 8 | 16 50 164 
| 42.1 | 40.8 | 39.8 | 38.4 39.8 


Wemps de recuit en heures .... . | 0 15 | 30 | 60 | 120 | 264 


Dureté cristaux + eutectique . 


La figure 7 présente les courbes de dureté de 
Veutectique (sous charge de 5 kg) en fonction 
des temps de recuit en heures. L’allure générale 
des courbes est la méme que dans le cas de 
Valliage hypoeutectique. Seule celle a 400° C 
varie moins rapidement au début. 

En conclusion, on a donc intérét a recuire 
vers 600° C et pendant des temps de l’ordre de 
10 heures les alliages hypoeutectiques ou 
légerement hypereutectiques pour obtenir un 
eutectique nodulaire. 

Le laminage de ces alliages en sera amélioré 
et on peut espérer une réalisation plus facile des 
combustibles de type dispersé. 


Les cristaux d’UAl, primaires obtenus par 
une solidification continue, se présentent sous 
forme diaiguilles ou de losanges plus ou 
moins déformes et entourés de plages d’Al 
(fig. 12). 

Par contre si la transformation UAls > UAl, 
a lieu a Vétat solide (température inférieure a 
640° C) elle se fait ‘‘in situ’’. Les cristaux d’UAl, 
obtenus a partir de ceux d’UAls conservent le 
méme facies général. 

Cependant ces cristaux transformés sont 
souvent fissurés, ce qui peut s’expliquer par une 
augmentation de volume de composé inter- 
métallique (figs. 13 et 14). 
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& 


me. CR 
Al-U & 10.8 % en poids d’U. Recuit 18 h 
a 600°C. x 900. 


2. Différenciation UAls > UAl, du point de 
vue microdureté 


a) UAL 


En comparant un grand nombre d’alliages 
formés d’UAl, obtenus par transformation 
péritectique ou directement (cristaux primaires 
@UAL) on a pu établir une microdureté 
moyenne: 


de 404 kg/mm? sous une charge de_ 65 gr 
de 388 kg/mm? sous une charge de 115 gr 
de 382 kg/mm? sous une charge de 135 gr. 


Pour les alliages Al-U-Si la microdureté de 
UA, obtenu par transformation péritectique 
est du méme ordre de grandeur, légerement 
plus faible, mais le nombre de mesures faites est 
ici beaucoup moins important. 


b) UAls 


La microdureté d’UAlg semble fortement 
influencée par la présence du silicium dans les 
alliages. 

Alliages Al-U tempés en containers de Ta: 
Ces alliages ne contiennent pas de silicium. Les 
valeurs moyennes obtenues sont les suivantes: 


sous charge de 65 g = 257 kg/mm? 
sous charge de 115 g = 245 kg/mm? 
sous charge de 135 g = 244 kg/mm?. 


Alliages Al-U trempés en containers de silice: 
La silice est attaquée par l’alliage liquide qui 


reste 4 son contact pendant une heure a 1100° C. 
D’aprés des analyses spectrographiques on 
obtient des teneurs en silicium inférieures a 
0.1 %. 

On constate une augmentation de la micro- 
dureté et les valeurs moyennes deviennent: 


sous charge de 65 g 510 kg/mm? 
sous charge de 115 g 503 kg/mm? 
sous charge de 135 g 481 kg/mm?. 


Alliage Al-U-Si de teneurs comprises entre 
0.5 et 1% en poids de Si: 

La valeur de la microdureté est légérement 
supérieure et passe a 560 kg/mm?. 


3. Cinétique de la transformation UAls — UAla 
dans lV’ état solide 


Pour étudier la transformation UAl3 — UAl, 
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Fig. 7. 


Figs. 6 et 7. Variation de la durété de l’eutectique 
en fonction du temps de recuit (en heures). Alliages 
Al-U a 10.8 % en poids d’U (fig. 6) et & 25 % (fig. 7). 
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Fig. 8. Al-U a 10.8 % en poids d’U. Recuit 25 h a Fig. 9. AI-U a 10.8 % en poids d’U. Recuit 642 h a 
500° C. x 900. 400°C. x 900. 


Fig. 10. Al-U a 35 % en poids d’U. x 200. Fig. 11. Alliage Al-U-Si 30 % en poids d’U, 0.4 % 
en poids de Si. x 900. 


Fig. 12. Alliage Al-U a 30 % en poids d’U. Cristaux Fig. 13. Alliage Al-U & 40 % en poids d’U. Cristaux 
primaires d’UAl4. x 900. UAls obtenus par trempe 4 1100°C (domaine du 
diagramme. Liquide + UAls). x 450. 
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a Pétat solide, on s’est fixé une température de 
recuit & 600° C, légérement inférieure a celle de 
Veutectique (640°C) dans le domaine de 
stabilité du: composé UAL. 

La cinétique de cette transformation est 
fortement influencée par la présence de certains 
éléments: B In AL C — Si — Ce — 
Sn — Pb 2). 

En général 2 4 3 % en poids de silicium dans 
un alliage a 50 % d’uranium suffisent a suppri- 
mer la transformation. 


a) Alliage Al-U sans élément d’addition 


On a étudié un alliage a 40% en poids 
@Vuranium dont les impuretés principales 
trouvées par analyse spectrographique sont 
les suivantes (en ppm) 


Cu Fe Mg Mn Pb Si Sn Ta Zn 
—<100) 505 10) = 1005 1007 1009 008 30 


Cet alliage a été trempé depuis le domaine 
“liquide+ UAls” pour obtenir a température 
ambiante uniquement des cristaux constitués 
d’UAls. Par la méthode des colorations les 
cristaux UAls apparaissent jaunes au microscope 
(régions foncées sur la figure 15). 

Aprés un recuit de 30 minutes a 600° C, sous 
vide, on observe une transformation trés nette 
en UAl, qui apparait en bleu au microscope 
(régions claires du cristal observable sur la 
figure 16). 


Fig. 14. 
mation totale UAls — UAl4. Cristaux UAly fissurés, 
eutectique globulisé. x 450, 


Méme alliage que fig. 13 aprés transfor- 


Alliage Al-U & 40 % en poids d’U trempé. 
Cristal UAl3 pur. x 300. 


Fig. 16. 
600° C pendant 30 minutes. Transformation UAls > 
UAI, a la périphérie. x 300. 


Méme cristal que fig. 15 aprés recuit a 


Aprés un recuit de 60 minutes 4 600°C la 
transformation en UAl, est totale. Les cristaux 
aprés coloration sont complétement bleus et on 
distingue une fragmentation du cristal initial 
en petits cristaux UAl, dont les joints sont 
perpendiculaires au front de diffusion (fig. 17). 

Signalons qu’on peut également observer la 
transformation par examen en lumiére polarisée. 
Par exemple sur la figure 3 on observe trés 
nettement deux zones 


a la périphérie une zone & grains basaltiques 
formés au cours du premier recuit; 


a Vintérieur une zone & grains équiaxes. 
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Méme cristal 


ipivere Ile 
traitement de 60 minutes a 600° C. Transformation 
compléte en UAls. x 300. 


que précédemment aprés 


b) Alliage Al-U-Si 


Kchantillon 4 35 % en poids d’U et 0.1% 
en poids de Si — Recuit a 600° C. 

La transformation UAl3 —> UAl, 4 600° C est 
considérablement ralentie. Aprés 5 heures de 
traitement on observe une étroite bande péri- 
phérique UAl, alors que Valliage précédent, 
sans silicium, était constitué de cristaux 
totalement transformés en UAl, aprés une seule 
heure de recuit. 

La transformation sera totale apres une 
centaine d’heures de recuit. 

Kehantillon a 35 % en poids d’U et 0.6 % en 
poids de Si. 


1) Un traitement d’une centaine d’heures a 
600° C provoque une trés légére transformation 
en UAl,, irréguliére d’ailleurs, autour des 
cristaux. Ceci pourrait provenir d’une concen- 
tration en Si non uniforme dans un cristal donné 
(figs. 18 et 19). En poursuivant ce traitement 
pendant 700 et 1000 heures on ne note plus de 
modifications. 


2) Il est intéressant de mentionner qu’en 
traitant 10 heures cet échantillon a 700° C, 
c’est a dire dans le domaine ‘‘liquide + UAl,” 
on transforme totalement en UAI, les cristaux 
UAIs contenant du Si par suite de la réaction 
péritectique. 


Le facies des cristaux primitifs est profondé- 
ment modifié, les cristaux UAl, sont trés petits 
(fig. 20). 


Fig. 18. 
0.6 % 


Alliage Al-U-Si a 35 % en poids d’U et 
en poids de Si. Cristaux UAls. x 2650. 


Fig. 19. Méme plage (fig. 18) que précédemment 

apres traitement de 100 h a 600°C. Apparition de 

quelques zones transformées en UAl, (gris clair). 
Eutectique globulisé. x 250. 
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c) Recherche d’un domaine d’homogénéité du 
composé UAI, 
D’aprés Borie 8) la formule UAI, est idéale et 


ce composé présenterait en fait un domaine 
Vhomogénéité s’étendant de la formule UAl,.9 


nN 


Fig. 22. Méme alliage (fig. 21). Recuit 500 h a 
700° C. Transformation en UAI,. Il reste de l’alumi- 
nium. x 200. 


Fig. 20. Alliage Al-U-Sia 35 % en poids d’U et 0.6 % en 
poids de Si traité pendant 10 h & 700° C. Cristaux 
UAIs. x 600. 


Fig. 23. Alliage U-Al a 64 % en poids d’U. Recuit 
de 300 h a 700°C. x 100. 


a UAl,.5 correspondant & des compositions en 
poids d’U allant de 64.2% & 66.3% (UAL, 
correspond a 68.8 % en poids d’U). 

Nous avons chcrché a verifier l’existence 
Fig. 21. Alliage Al-U & 66% en poids d’U. x 200. d’un tel domaine. 
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Quelques analyses ont été faites au moyen 
du microanalyseur a sonde électronique de 
Castaing 9) pour déterminer s'il existe un 
gradient de concentration en uranium dans les 
cristaux UAl, et dans la zone (UAI,) trans- 
formée autour des cristaux UAlI 3. Il apparait 
que ce gradient est faible s’il existe. 

Nous avons sovmis une série d’alliages de 
teneurs en U comprises entre 63.5 % et 68.8 % en 
poids a des traitements de longue durée (700 
heures) 4 700° C dans le domaine ‘‘liquide+ 
UAI,” pour accélérer les phénomeénes de diffusion 
et d’homogénéisation. Ces alliages, élaborés au 


Fig. 24. Alliage UAI a 68.8 % en poids d’U. Recuit 
90 h a 700° C. Cristaux UAls: couleur foncée. Cristaux 
UAI4: matrice. x 200. 


four a arc, sont constitués primitivement d’Al, 
@UAIs et-UAl, (fig. 21). 

Sil existe réellement un domaine d’homo- 
généité pour UAL, les alliages situés dans la zone 
de composition 64.2 %-66.3°% en poids d’U 
devraient étre constitués seulement d’U Al, aprés 
des traitements thermiques de durée suffisante. 
Or tous ces alliages sont constitués de cristaux 
UAL, et d’Al de méme que ceux de teneur 
inférieure en U (de 63.5 4 64.2% en poids). 

La figure 22 concerne un alliage a 66 °% en poids 
d’U recuit 500 heures 4 700° C. On distingue 


nettement les zones blanches d’Al entre les 
grains d’UAl, visibles en lumiére polarisée. 

Un alliage de teneur en U égale a 64 % en poids 
(donc hors du domaine supposé) présente aprés 
300 heures de recuit & 700° C des plages d’Al, 
ce qui est tout a fait normal (fig. 23). Quelle 
que soit la durée des traitements thermiques il 
restera de l’aluminium. 

Un alliage & 68.8 % en poids d’U (composition 
idéale d’UAl,) a été traité dans les mémes 
conditions a 700° C, a titre de contréle. 

Un traitement de 90 heures est suffisant pour 
solubiliser tout l’aluminium. On observe des 
cristaux UAl, en grande majorité et quelques 
cristaux UAl3. Sur la figure 24 la matrice est 
constituée d’UAly, les cristaux gris et noirs 
étant UAls. 

Des deux séries de résultats il résulte que le 
domaine d’homogénéité d’ UAL, est certainement 
trés étroit autour de la composition idéale 
VUAI. 

Les résultats trouvés par Borie pourraient 
s’expliquer par la présence de nombreuses 
cavités remplies d’Al, intérieures aux cristaux 
dVUAI, (figs. 10 et 12). La dissolution sélective 
de l’alliage isole done des cristaux dont la 
teneur globale en Al analysée par voie chimique 
est variable et toujours supérieure a ce que 
donne la formule UA. 


4. Interprétation des Résultats 


4.1. M&CANISME DE LA TRANSFORMATION 


UAls > UAl, A L’ETAT SOLIDE 


1. Alliage sans silicioum 


Pour expliquer cette transformation on peut 
penser: 


soit 4 une diffusion intergranulaire le long des 
joints de grains UAl, 


soit a une diffusion en volume. 


Le fait d’effectuer les traitements 4 600° C 
ne permet pas de déterminer laquelle des deux 
diffusions est prépondérante. En effet seuls des 
traitements 4 basse température le permet- 
traient, la diffusion massique étant faible & ces 
températures. 
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Fig. 25. Variation des parameétres cristallins d’Al et 
UAls en A en fonction du pourcentage en poids de Si. 


On peut penser que l’aluminium est |’élément 
qui diffuse préférentiellement, pour deux 
raisons: 


a) Les traitements s’effectuent a 600° C, 
température a laquelle la mobilité des atomes 
Al est certainement élevée. 


b) La comparaison des structures cristallines 
des composés UAls et UAl, le suggére. 


Dans UAl3 cubique du type Au Cus, les 
atomes U se trouvant aux sommets du cube, on 
a une succession de plans (110). BAB ABA 
(avec, par exemple, B plan mixte d’atomes Al 
et U et A plan des atomes Al) (fig. 26). 

Dans UAI, orthorhombique on a un arrange- 
ment des plans (001): 

BAB A ABA représenté sur la figure 27. 

On peut donc considérer, aux modifications 
des distances interatomiques prés, qu’on a un 
plan Al supplémentaire entre deux motifs 
BAB, ABA de UAIs. 

Il est possible alors d’envisager un mécanisme 
simple de diffusion en volume par cheminement 
d’atomes Al a travers UAl, (échange de positions 
entre lacune et atome Al) et pénétration des 
plans supplémentaires (A’, A”) d’atomes Al 
dans le réseau UAIs3 (fig. 28). Notons que la 
phase UAl, est souvent poreuse comme |’ont 
indiqué notamment Deluca et Sumsion 1°) en 


étudiant les phénoménes de diffusion entre U 
et Al. 


Il convient de noter que la transformation a 
Pétat solide se fait “in situ’? sans changement 
appréciable de la forme générale des cristaux. 
On observe une fragmentation du cristal initial 
en petits cristallites qui, observés en lumiére 
polarisée, présentent une désorientation avec 
le cristal de départ. 

La transformation provoque neanmoins une 
fissuration des cristaux die 4 un léger gonfle- 
ment. Un calcul des paramétres des mailles 
indique une augmentation de volume de 1.6 % 
au cours de la “réaction” UAls+ Al ~ UA. 


BABABA 


Fig. 26. UAls. A: plan d’atomes Al. B: plan mixte 
d’atomes Al et U. A et B: plan (110). 


BABAABABAAB 
Fig. 27. UAl. A et B: plan (001). + b; > c. 
UAL3 
UALg 
N A’ 
Fig. 28. Raccordement des réseaux cristallins UAI3 


et UAla. 


2. LEffets des additions de siliciwm 


La présence de Si, méme en faible quantité, 
bloque la transformation UAls + UAl, mais 
a état solide uniquement. En phase liquide 
(a 700° C par exemple), la réaction se trouve 
seulement ralentie. On observe au début du 
recuit a 600°C une légére transformation en 
certains points de la périphérie des cristaux. 
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Ensuite quelle que soit la durée des traitements 
la réaction est inhibée. 

D’apres Thurber et Beaver 2) le silicium se 
trouve rassemblé dans la phase UAl3. Le para- 
métre cristallin de cette phase décroit en effet 
quand la teneur en Si de alliage augmente, 
alors que la maille de la matrice d’aluminium 
ne varie pas (fig. 25). Nos résultats confirment 
d’ailleurs ces données. 

Si on applique la loi de Végard a la solution 
solide des deux phases isomorphes USis et UAls, 
en supposant que tout le silicium de lalliage 
est en solution dans UAls, la variation de para- 
metre obtenue est plus grande que celle donnée 
par l’expérience. 

Cependant, outre que la validité de la loi de 
Végard n’est pas certaine, le calcul repose sur 
Vévaluation de la quantité d’UAls présente dans 
Valliage, quantité qui peut étre modifiée sensi- 
blement par la présence du silicium. Quoiqu’il 
en soit, la constance de la maille de l’aluminium 
indique l’absence de Si en solution dans la 
matrice. 

Le début de transformation observé sur 
certains cristaux d’UAls au commencement du 
recuit s’explique en admettant que la concen- 
tration en silicium n’est pas uniforme dans un 
cristal. Les zones transformées en UAI, contien- 


draient done moins de silicium que les zones 
adjacentes n’ayant pas subi de transformation. 

Quant au mécanisme exact de la stabilisation 
de UAls par Si, il n’est pas connu. Notons 
cependant qu'il est remarquable de constater 
que de si faibles quantités de silicium suffisent 
a inhiber complétement la réaction. 
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The behaviour of uranium oxides of compositions in 
the range UOz to U3Og on sintering in atmospheres of 
argon, nitrogen, carbon dioxide, vacuum and hydrogen 
at various temperatures is described. Increase in 
surface area and departure from stoichiometric compo- 
sition improve sintering performance. The beneficial 
effect of the additional oxygen is believed to be due 
chiefly to the increased high-temperature plasticity 
of the non-stoichiometric oxides. Additional effects 
may arise from the increase in surface area accompa- 
nying the phase change in oxides of oxygen/uranium 
ratio above ~ 2.06, from the increased volatility of 
the non-stoichiometric oxide, and removal of adsorbed 
or absorbed hydrogen by the oxygen in excess of 
stoichiometry. The practical implications of the 
experimental results are discussed. 


On décrit le comportement d’oxydes d’uranium de 
compositions comprises entre UOz et U3O0s au cours du 
frittage a différentes températures dans les atmos- 
phéres d’argon, d’azote, de gaz carbonique d’hydro- 
géne et sous vide. L’accroissement de la surface et 
lécart de composition vis-&-vis de la composition 
stoichiométrique améliore les performances du frittage. 
L’effet bénéfique de l’oxygéne en excés est interprété 
comme dt principalement a l’augmentation de plasti- 
cité a haute température des oxydes non-stoichio- 


1. Introduction 


The early work on the sintering of uranium 
oxides was carried out by Murray and Thack- 
ray!) when only two standard oxides were 
available, viz. the American Mallinkrodt oxide 
UOz.o4 and the British Springfields oxide UOg,13. 
These investigators showed that the UOoe.43 
sintered more readily in argon than the near 
stoichiometric UO2.o4. A density of ~ 10 g/cm3 
was obtained for UQOe.13 sintered at 1400° C 
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métriques. Des effets supplémentaires peuvent pro- 
venir de l’accroissement de la surface accompagnant 
le changement de phase dans les oxydes possédant 
un rapport oxygéne/uranium supérieur a 2.06, de 
Vaugmentation de volatilité de oxyde non-stoichio- 
métrique et de l’élimination de ’hydrogéne adsorbé 
ou absorbé par l’oxygéne en excés vis-a-vis de la 
composition stoichiométrique. Les conséquences prac- 
tiques des résultats expérimentaux sont discutés. 


Das Verhalten von Uranoxydpulvern im Bereich 
zwischen UOz und U30g waehrend Sintern bei ver- 
schiedenen Temperaturen in Argon, Stickstoff, Wasser- 
stoff und in vacuo wird beschrieben. Vergrésserte 
Oberflache und Abweichung von der st6chiometrischen 
Zusammensetzung verbessern das Sintervermégen. 
Der vorteilhafte Einfluss des zusatzlichen Sauerstoffes 
wird der verbesserten Hochtemperaturplastizitat der 
nichtst6chiometrischen Proben zugeschrieben. Weitere 
Effekte kénnen von dem Zunehmen der Oberflaiche 
durch Phasenwandlung in Oxyde mit Sauerstoff/ 
Uran Verhaltnis oberhalb etwa 2.06, der leichteren 
Verdampfung der nichtst6chiometrischen Oxyde und 
der Entfernung absorbierten oder adsorbierten Wasser- 
stoffes durch den zusatzlichen Sauerstoff herriihren. 
Die praktischen Folgen der Experimentalergebnisse 
werden besprochen. 


whilst under the same conditions the UOs.94 
sintered to ~8 g/cm3, although the green 
density of the latter compacts was 6.2 g/cm3 
compared with 4.7 g/cm3 for the UOe.13. Oxi- 
dation of the Mallinkrodt oxide to UOs.4¢ before 
compacting improved its sintering behaviour 
though this was still inferior to that of the 
Springfields UO2.13. When hydrogen was used as 
the sintering atmosphere the sintering behaviour 
of the UOzo, was adversely affected. It was 
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concluded that sintering of uranium dioxide was 
influenced by departure from stoichiometry. 

Since this work was reported results of further 
studies of the physical chemistry of uranium 
oxides have been published 2; 3: 4). The work of 
Anderson and Alberman ?) and of Perio 3) 
suggested that above ~ 300°C, originally 
single phase non-stoichiometric oxides split into 
UO, and U,4O» so that the effect of departure 
from stoichiometry upon sintering became less 
clear, but the more recent work of Gronvold 5) 
and Willardson *) on phase equilibrium in the 
uranium/oxygen system indicates that at sinter- 
ing temperatures of ~ 1000° C oxides in the 
composition range UOz to UsQOg, will be single 
phase. 

The investigations to be described were 
directed towards assessing the part played by 
deviation from stoichiometry and other factors, 
upon sintering. 


2. The Effect of Particle Size upon Sintering 
Behaviour 


The results of the previous investigations on 
the sintering behaviour of UOe2o, and UOe.14 
in argon were checked and confirmed. Compacts 
of these two powders pressed at 15 000 psi 
and sintered in argon at 1450° C for two hours 
gave densities of 8 g/cm3 and 10.2 g/cm3 
respectively. 

Alberman 2), Perio 3, and Roberts 4) had all 
indicated that uranium dioxide of a sufficiently 
small particle size would oxidize at room 
temperature, the rate of oxidation being greater 
the finer the particle size and thus the oxide of 
higher oxygen content would have the smaller 
particle size. This proved to be the case, the 
UOs.o4 having a surface area of <1 m?/g and 
the UOe14 of ~ 6 m2/g. 

Particle size and oxygen content being inter- 
dependent, it becomes meaningless to discuss 
the sintering behaviour of oxides of varying 
composition in terms of oxygen content alone. 
In the next series of experiments an attempt 
was made to keep the particle size constant and 
vary only the oxygen content of the powder. 


3. The Effect of Variation of Oxygen Content 


The oxide was prepared by pyrolysis of 
ammonium diuranate at 300° C to produce UOs 
which was then reduced in hydrogen at ~ 650° 
C. Pyrolysis and reduction were carried out in 
a furnace attached to a glove-box the atmos- 
phere in which could be controlled to prevent 
oxidation of the reduced oxide. After hydrogen 
reduction the stoichiometric oxide was cooled 
in hydrogen and the box and furnace purged 
with argon. The oxide was loaded into a gas- 
tight bottle, the reduction furnace replaced by 
the platinum-wound sintering furnace, and the 
whole apparatus purged with argon again. Two 
portions of oxide were removed from the bottle, 
one for oxygen analysis and the other cold- 
compacted at 10 ton/in.2 within the glove box. 
The compact was then sintered in argon at 
1450° C for 2 hours, cooled in argon, and its 
density and oxygen content determined. Air 
was then admitted to the oxide, samples of 
which were taken at intervals for oxygen ana- 
lysis and sintering. 
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Fig. 1. Sintering density-composition relationship. 


The experimental results are given in fig. 1. 
As the density of the oxide increases with oxygen 
content, the results are also plotted as fractions 
of the X-ray density. The density shows a major 
increase as the composition moves from UOsg.o9 
to UO2.o2 and thereafter increases only slightly 
with increasing oxygen content. 
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4. The Effect of Atmosphere upon Sintering 
Behaviour 


A variety of oxides in the composition range 
UO, to U30g were sintered in atmospheres of 
argon, nitrogen, carbon-dioxide, vacuum, hydro- 
gen, and carbon monoxide at various temper- 
atures. A standard compacting pressure of 10 
ton/in.2 and a standard sintering time of 2 hours 
were used. The results are detailed in tables 1 
to 6 and except where otherwise stated, each 
determination quoted is the average of results 
for three specimens. The surface areas of oxides 
were determined by nitrogen adsorption and for 
the oxides UOz.93, UOe.18, UOe.24, UOe2.49, and 
Us3Og in tables 1 to 6, were 2 m2/g, 6 m2/g, 
6 m2/g, 8 m2/g and 15 m2/g respectively. Apart 
from the UsOg these oxides were prepared by 
room temperature oxidation. 


4.1. SINTERING IN NEUTRAL ATMOSPHERES 


Comparison of the sintering behaviour of 
UOz,24 (surface area 6 m2/g) in argon with that 
of UOs.13 (surface area 6 m2/g) in nitrogen and 
carbon dioxide (table 1) shows that sintering 
atmosphere has little effect upon the final 
density. Densities of ~ 9 g/cm? are obtained at 
1000° C rising to ~ 10 g/cem3 at 1200° C. 

Variation in oxygen content appears to have 
very little effect upon the sintering behaviour 
in argon although UOs.49 sinters to lower 
densities than the oxides UQe.9g, UOe2.13, UOz.24 
(table 1) and also U3Og (table 2). 

The apparently superior sintering perform- 
ance of UOz.og must take into account the higher 
density of its green compacts, and on a per- 
centage density increase basis its sintering 
behaviour is inferior to that of UOe.13 and UQOs».24. 


TABLE 1 


The sintering behaviour of non-stoichiometric uranium oxides in argon, nitrogen and carbon dioxide 


; : O:U ratio Density (g/cm?) Measured | Calculated 
Sintering weight oxygen 
temperature | Atmosphere be aA aes ee 
(20) Initial Final Initial Final ; 
(wt %) (wt %) 
————————————————E———— 
1410 2.08 2.05 10.40 0.24 0.18 
1260 2.08 2.05 10.37 0.22 0.18 
1160 are oU 2.08 2.05 oe 10.29 0.23 0.18 
1060 2.08 2.05 9.87 0.20 0.18 
1410 2.24 2.14 10.17 0.62 0.58 
1260 2.24 2.15 10.07 0.64 0.53 
1160 argon 2.24 2.14 4.6 10.17 0.60 0.58 
1060 2.24 2,15 9.84 0.54 0.53 
960 2.24 2.15 9.49 0.54 0.53 
1300 2.18 3 10.3 
1200 2.18 £ 10.0 
1100 } 2.18 E 9.8 
1000 nitrogen 2.18 2 4.6 93 not determined 
900 2.18 i 7.8 
800 2.18 8 6.1 
1300 carbon- 2.18 2.15 4.6 10.3 
dioxide 2.08 2.10 5.4 10.3 non) determanad 
1410 2.40 2.20 9.93 1.37 1.16 
1260 2.40 2.23 9.79 Tet 0.99 
1160 argon 2.40 2.25 4.6 9.70 1.12 0.87 
1060 2.40 2.22 9.65 Was 1.04 
960 2.40 2.22 9.11 eahs} 1.04 
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TABLE 2 


The sintering behaviour of a non-stoichiometric oxide oxidised in air at various temperatures 


Oxidation O:U ratio 
temperature 
(cc) Initial Final 
200 2.40 2.19 
300 2.59 2.22 
400 2.66 2.26 
500 2.67 2.26 
500 2.67 2.0 
500 2.67 2.0 
500 2.67 2.0 


Composition changes occur during sintering 
in argon, which can be accounted for largely, 
but not entirely, by loss of oxygen. This dis- 
crepancy is about 0.1 wt % for UOsz.49 so that 
volatilization of uranium must be taking place. 
This would be anticipated from the work of 
Biltz and Muller’). For oxides of composition 
UOs.25 the discrepancies are of the order of 
experimental accuracy so that alone, their 
significance is doubtful. Deposits of uranium 
dioxide were, however, found on portions of the 
sintering apparatus not in direct contact with 
the pellets, so that volatilization of a uranium 
bearing oxide must be taking place. 


Final Sintering 
density Atmosphere temperature 
(g/em) (°C) 

10.2 1410 
10.7 argon. 1410 
10.8 1410 
10.8 1410 
10.4 hydrogen 1410 

9.8 1300 

Usd 1200 


The effect of various metals in contact with 
the non-stoichiometric oxide upon the sintering 
behaviour in argon is not surprising when taken 
in conjunction with the oxygen analysis of the 
sintered pellets. 

With these metals adjacent to the pellets, i.e. 
at about a centimetre distance, zirconium and 
tantalum alone reduced the sintered density, 
and also caused a higher oxygen loss. When a 
zirconium getter was placed in the same furnace 
as a batch of pellets their density proved to be 
only ~ 9.4 g/em3 compared with ~ 10 g/cm3 
for specimens sintered in the absence of a getter. 
The respective as-sintered compositions were 


TABLE 3 


The effect of various metals in contact with or adjacent to UO2.33 upon its sintering behaviour in argon at 1410° C 


O:U ratio Density (g/cm?) Calculated | Measured 
Metal Position ae ey 
Initial Final Initial Final ae es 
(wt %) (wt %) 
WwW contact 2.03 9.77 
Mo 5 2.04 9.01 
Zr i 2.33 2.01 4.6 9.27 
Ta ¢ 2.00 8.56 Ke) a 
Control ee 217 9.75 = & 
ce F 
o feb) 
WwW adjacent 2.16 9.86 3 > 
Mo n 2.15 9.82 i = 
Zr - 2.33 2.09 4.6 9.35 2 3 
Ta 3 2.16 9.83 
Control a 2.16 9.83 
Zr adjacent 2.33 2.03 4.6 9.43 1.74 2.02 
(a th nn ea cy | 
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UOs.93 and UOe.29 and the uranium weight losses 
0.28 % and 0.21%. The solid/vapour equi- 
librium over the sintered samples must therefore 
be disturbed by the presence of the getter. 


4.2. SINTERING IN VACUO 


The densities of oxides sintered in vacuo are 
slightly but not significantly lower than those 
sintered in argon, except for UOe.33 (table 4). 

As with sintering in argon, there is an oxygen 
loss which accounts for only a fraction of the 
total weight loss, a fraction which decreases 
with increasing sintering temperature and with 
increasing initial oxygen content of the pellet. 
In one experiment the rate of evaporation from 
the UO2.24 was controlled by sintering in an 
alumina effusion cell. The weight loss from the 
pellet was only 1.9% compared with 10% 
from an unshielded specimen, and the compo- 
sition UOez.9g and UOe.o3 respectively, but there 
was no difference in sintered density in the two 
cases. The loss from the pellet within the 
effusion cell was 1.0 wt % but the loss from the 
cell only 0.78 wt % which corresponded approxi- 


mately to the oxygen loss from the pellet. The 
lid of the cell was covered with a deposit of UOg. 
Examination by X-ray diffraction of deposits 
of evaporated material formed during the arc- 
melting of non-stoichiometric oxides suggests 
that the volatile uranium bearing phase is the 
trioxide. 


4.3. SINTERING IN HYDROGEN 


Hydrogen as a sintering atmosphere has a 
very deleterious effect upon the sintering 
behaviour of UOs.08, UOs 18, UOs.24 and UOd.a0- 
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Fig. 2. Sintering of UO2.1s in nitrogen and hydrogen. 


TABLE 4 


The sintering behaviour of non-stoichiometric oxides in vacuo 


; ; O:U ratio Density (g/cm?) Measured Calculated 
Sintering ; 
weight oxygen 
temperature 1 

°C) Initial Final Initial Final ose poss 

(wt %) (wt %) 
1410 2.04 10.3 1.58 0.24 
1260 2.05 10.2 0.32 0.18 
1160 2.08 2.06 5.4 10.3 0.22 0.12 
1060 2.05 9.8 0.2 0.18 
1410 2.06 10.2 6.0 to 8.0 1.05 
1260 2.24 2.13 4.6 10.0 1.38 0.53 
1160 2.13 10.0 0.88 0.53 
1410 2.33 2.06 4.6 9.5 10.0 1.3 
1410 2.21 2.08 4.6 10.13 cell 

(effusion cell) 0.78 
pellet 
1.00 0.77 
1410 2.21 2.03 4.6 10.15 
Fe ee ee ee 
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TABLE 5 


The sintering behaviour of non-stoichiometric oxides in hydrogen 


} , O:U ratio Density (g/cm%) Measured | Calculated. 
pintoring weight oxygen 
temperature Atmosphere v ie Ices dee 
ee) Initial Final Initial Final (wt %) (wt %) 
oO oO 
Seen ee eee ee ———————————————— ———————————————— 
1400 dry 2.0 9.43 0.48 0.47 
1410 | hydrogen 2.0 9.07 0.49 0.47 
1260 i 2.08 2.02 5.4 6.75 | 0.37 0.36 
1160 s 2.03 6.0 0.32 0.29 
| | 
1460 5 2.01 8.56 1.3 | 1.29 
1260 4 2.24 2.01 4.6 7.6 1.27 1.29 
1160 A 2.04 6.19 1.27 1.18 
| | 
1410 » 2.02 | 8.24 2.03 2.01 
1260 eS 2.07 6.03 
1160 i, et 2.09 4.6 5.54 not | not 
1060 F 2S | 4.96 | determined / calculated 
960 A Poh We} | 4.84 | 
1550 partially 2.0 | 08 | 
1450 dried 2.0 9.75 not not 
1400 | hydrogen 2.18 | 2.0 4.6 9.65 | determined | calculated 
1300 a 2.0 8.95 
1200 | % | 2.0 7.35 
| | 
1300 dry Sipe an 80 Aer, ete eee) ie tee 
| hydrogen | determined | calculated 


Sintering temperatures approximately 350° C 
higher were needed to achieve comparable 
densities when sintering in hydrogen than when 
sintering in argon or nitrogen (fig. 2). There 
were difficulties in obtaining consistent results, 
since the sintering behaviour was very sensitive 
to the moisture content of the hydrogen. This is 
demonstrated in table 5 where UO:.18 pellets 
when sintered in nominally dry hydrogen at 
1300° C had densities of ~ 8.9 g/cm? but when 
sintered at the same temperature in hydrogen, 
passed over fresh calcium chloride, anhydrone 
and phosphorus pentoxide, gave densities of 
w 7.2 g/om3. 

For the specimen size (0.5 in. diameter), gas 
flow, and time at temperature used, reduction 
to the stoichiometric oxide was not always 
complete. The weight losses and oxygen losses 
correspond closely and no uranium dioxide 
deposits were found. 


Compacts of U3Og when sintered in hydrogen 
over a range of temperature showed a consider- 
ably higher density than lower oxides sintered 
under comparable conditions (table 2), although 
the decrease in sinterability with temperature 
was more marked than for comparable non- 
stoichiometric oxides sintered in argon (table 1); 
thus at 1400°C a density of 10.4 g/cm? was 
obtained, the sintered pellet assaying UOs.o9. 

A few sintering trials on UO2.49 and UOs.og 
showed that carbon monoxide had a deleterious 
effect similar to hydrogen. 


4.4. SINTERING IN MIXED ATMOSPHERES 


To determine whether the effect of hydrogen 
upon sintering behaviour was due to the 
presence of hydrogen or the absence of oxygen 
in excess of stoichiometry, pellets of UOz.o3 and 
UOez.1s were subjected to the sintering cycles 
given in table 6. 


TABLE 
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The sintering behaviour of non-stoichiometric oxides in combinations of atmospheres 
EEE 


UO2.08 U02.18 
Sintering Cycle Sintered Sintered Sintered Sintered 
density On density Ow 
(g/em3) ratio (g/cm?) ratio 
Heated to 750°C in hydrogen, evacuated, 9.05 2.0 8.9 2.0 
heated to 1400° C in argon and held for 9.15 2.0 8.94 2.0 
1 hour 9.15 2.0 8.97 2.0 
Heated to 750°C in hydrogen, evacuated, 9.5 2.0 9.55 2.0 
heated to 1400° C in vacuo and held for 9.4 9.49 2.0 
1 hour 
Heated to 1400°C in argon and held for 10.46 2.09 10.52 2.16 
1 hour 10.63 10.45 
10.64 2.09 10.45 2.16 
Heated to 1400°C in vacuo and held for 10.42 2.06 10.29 2.12 
1 hour 10.32 2.06 10.25 
This table shows that other variables being 
kept constant, the ‘‘sinterability” of UO2,2 is 
better than that of U02.0 at the same temper- DIAL GAUGE 
ature, but that the stoichiometric oxide sinters 
better in vacuum than in hydrogen. 
The effect of reduction with hydrogen on the Gnxe CUTUES 
physical and dimensional stability of dense non- 
stoichiometric material was also examined. 
Tubes and pellets of UOz.og3 and UOe.is hydro- 
statically cold-pressed and sintered in nitrogen 
for 2 hours, when reduced in hydrogen at 
1200° C showed a density decrease of 0.1 to 
0.2 % which could be accounted for entirely by 
oxygen loss, there being no measurable dimen- CONTROLLING 
sional changes. Similar high density pellets THERMO COUPLE 
(10.3-10.4 g/cm’) were obtained when the SPECIMEN 
hydrogen reduction step directly followed the RECORDING 


sintering operation. THERMO COUPLE 


5. Dilatometric Studies of the Sintering Process FURNACE TUBE 


The dilatometer for these studies is illustrated 
in fig. 3. The specimen is supported in a mullite 
holder within a mullite tube, heated by a 
platinum wound furnace. Changes in specimen 
length are transmitted to a dial-gauge by an 
alumina push rod. 

The apparatus was calibrated with recrystal- 
lized alumina and fused silica, and the expansion 
correction-curve so obtained, used in conjunc- 


TO VACUUM PUMP & 
GAS INLET 


Diagram of dilatometer. 
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tion with the dial-gauge readings to determine 
the density-time-temperature graphs shown in 
figs. 4, 5 and 6. At any temperature the accuracy 
of the density measurement is + 0.05 g/cm3. 
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To obtain reproducible shrinkage curves it 
was found necessary to evacuate the apparatus 
before introducing dry oxygen-free argon, 
nitrogen or hydrogen. 

The progress of sintering of UO2.1s in argon or 
nitrogen is shown in Fig. 4, the full line giving 
the density change during heating at 10° C/min 
to the sintering temperature, and the broken 
line showing the sintering behaviour with time 
at sintering temperature. Fig. 5 shows the 
difference in sintering behaviour of UO2.9s and 
UO:.1s. Shrinkage starts at about 600° C for 
UOz2.13 and possibly a little higher for UOs2.os: 
whilst the green density of the UOs.0g pellets 


was higher than for those made of UOz.1s, they 
shrank more slowly but nevertheless reached 
the same density after two hours at 1200° C. 

The results obtained when sintering in 
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g Sintering of UOe21s in argon, nitrogen, and 


hydrogen. 


hydrogen were erratic for reasons already 
discussed, but the general behaviour is shown 
in fig. 6, from which it will be seen that shrinkage 
in hydrogen starts at about 900° C compared 
with 600° C in argon or nitrogen. 


6. Discussion 
6.1. 


Variation in the degree of departure from 
stoichiometry need not be invoked to explain 
the reported differences!) in the sintering 
behaviour of the Mallinkrodt (UOeo4) and 
Springfields (UO214) oxides; these differences 
could haven arisen solely from variation in 
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particle size of the two oxides. The improvement 
in sintering behaviour of the Mallinkrodt oxide 
when oxidised to UOs49 could result from 
decrease of particle size due to break-up during 
the oxidation process. 

The experiments in which the effect of 
variation of the oxygen content of a single 
powder upon sintering behaviour was examined 
(section 3) apparently show that only a minor 
departure from stoichiometry can appreciably 
affect the sintered density (fig. 1). Roberts *) 
demonstrated that when single phase non- 
stoichiometric oxides were heated to ~ 300° C 
and underwent transformation into («+/) UOe 
their surface area increased by ~ 20 %. The 
particle size of the powder used to obtain fig. 1 
therefore, may not have remained constant 
with increasing oxygen content. However, 
recent high temperature X-ray studies ® 8) have 
shown that single phase oxides of composition 
up to UOe og remain single phase on heating to 
900° C. The UOe.o2 and UOs.o4 of fig. 1 are thus 
unlikely to have suffered significant particle 
break-up due to phase changes. In addition 
there is no reason why the increase in surface 
area should saturate at the composition UO2.o4 
to give rise to the results illustrated in fig. 1. 
Judging by the rate of oxidation of this powder, 
its surface area was >6 m2/g and other results 
already quoted have shown that for powders 
sintered in argon variation in surface area 
between 2 and 6 m2/g had a minor effect on 
sintering behaviour. Fig. 1 is believed therefore 
to show that deviation from stoichiometry, per 
se, favourably influences sintering behaviour. 

Oxygen in excess of stoichiometry can operate 
to influence sintering behaviour in three ways. 

(i) During sintering of the non-stoichio- 
metric oxides, volatilization processes which 
involve loss of oxygen and uranium bearing 
species do occur. Material transfer by an evapo- 
ration/condensation mechanism, in general, 
seems unlikely to aid sintering directly 9°). 
Sintering in vacuo, where material loss by 
volatilization is accentuated, tends to give 
slightly lower densities than sintering in argon. 
Variation of volatilization rate during vacuum 


sintering has little effect. The adverse effect of 
tantalum and zirconium getters upon sintering 
behaviour could also be associated with alter- 
ation of the solid-vapour equilibrium and 
increase in the rate of volatilisation as was 
observed. The increased volatility of the non- 
stoichiometric oxides thus appears to influence 
sintering behaviour adversely. 

(ii) All the powders used in these investi- 
gations were prepared by hydrogen reduction 
of a higher oxide. In studies of the sorption of 
reducing gases,on UQOs, Roberts 4) has shown 
that hydrogen is chemisorbed or possibly 
absorbed. Desorption of hydrogen as hydrogen 
from stoichiometric oxide is achieved in vacuum 
only at ~ 800°C, but if the oxide powder is 
allowed to oxidize, the hydrogen desorbs as 
water vapour at w 200°C. The amount of 
excess oxygen required to ensure removal of the 
hydrogen likely to be associated with the 
powders used, would raise the composition of 
the oxide to UOse.o4. If chemisorbed or dissolved 
hydrogen were to affect sintering behaviour 
adversely by reduction of surface free energy or - 
by impeding flow under stress, the sole function 
of oxygen in excess of stoichiometry could be to 
ensure removal of this hydrogen. The observed 
poor sintering behaviour of uranium oxide in a 
hydrogen atmosphere follows naturally on this 
hypothesis. Sintering of the stoichiometric 
material should also proceed more readily in 
vacuo than in hydrogen, which has proved to 
be the case (table 6). Contrary to this hypothesis 
sintering of the stoichiometric material in vacuo 
took place much less readily than for the same 
powder in its oxidised condition. (table 6). 
Carbon monoxide also has a similar deleterious 
effect upon sintering as does hydrogen, but as 
it is not chemisorbed, the counterpart of the 
hydrogen hypothesis cannot be advanced to 
explain the sintering behaviour in carbon- 
monoxide. 

Only a small part of the superior sintering 
properties of the non-stoichiometric oxides can 
therefore be attributed to the action of excess 
oxygen in removing chemisorbed or dissolved 
hydrogen. 


Gti) The® effect»of oxygen’ in excess of 
stoichiometry in aiding sintering follows natur- 
ally if non-stoichiometric oxide flows more 
readily under stress at high temperatures than 
stoichiometric material. This has been demon- 
strated experimentally by Scott, Hall and 
Williams 1°), The temperature dependence of 
viscosity (derived from rates of flow in bend at 
constant stress) of the three oxides, UOs.o, 
UOd2.06 and UOz.16, is shown in fig. 7. From this 
figure for a given viscosity (say 1013 poise) there 
is a temperature difference of about 400° C 
between UOe.9 and UOs.6 and about 500° C 
between UQOe.» and UOe1ig. Tables 1 and 5 and 
fig. 2 show that to obtain a given density, the 
temperature required for UOz.9 is 400° C higher 
than for UO2,9s. The flow processes in both creep 
and sintering are affected by departure from 
stoichiometry to about the same extent and it 
seems reasonable to suppose, therefore, that a 
similar mechanism is involved in both cases. 

After analysis of their results on the basis of 
plastic flow occurring by a Herring-Nabarro 
diffusion mechanism, by dislocation climb and 
in terms of charged dislocations pinned by 
clouds of vacancies, Scott ef al.1°) were unable 
to single out one single mechanism as being 
solely responsible for their experimental obser- 
vations. One feature common to all mechanisms 
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Fig. 7. Apparent viscosity versus reciprocal temper- 


ature for uranium oxides. 
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was that diffusion of the uranium ions in the 
non-stoichiometric oxides should be more rapid 
than in the stoichiometric material. The hypo- 
thesis that diffusion of the uranium ion was the 
rate determining factor in the flow process was 
supported by the observation that the activation 
energy for plastic flow in the stoichiometric 
oxide was approximately the same as for 
uranium diffusion in this oxide. Also, whilst the 
activation energy for flow decreased with 
increasing departure from stoichiometry, it was 
still much greater than that for oxygen ion 
diffusion. 

Lattice binding energies in non-stoichiometric 
oxide would be expected to be lower than for the 
stoichiometric material, since Young’s modulus 
of UOe1s is considerably lower than that of 
UOs.o and volatilization of a uranium bearing 
species from UO, occurs at relatively low 
temperatures. 

A number of facts of practical importance 
have been uncovered by these investigations. 

Oxide powder prepared by pyrolysis of 
ammonium diuranate followed by hydrogen 
reduction of the product and having a surface 
area of greater than ~ 2 m2/g and an oxygen/ 
uranium rato of 2.08, sinters satisfactorily. The 
composition UOsz 9g is probably not critical, and 
an O:U ratio lower than this could prove 
satisfactory. 

Argon, nitrogen, carbon-dioxide and vacuum 
are all suitable sintering atmospheres for the 
production of high-density non-stoichiometric 
oxide pellets. Stoichiometric pellets may be 
produced from dense non-stoichiometric pellets 
by hydrogen-reduction at 1400° C, with negli- 
gible alterations in dimensions or porosity. 
Oxygen thus acts as the ideal “‘additive” for 
promoting sintering of uranium dioxide, since 
it is easily added, and can be readily and 
completely removed after densification. 

If hydrogen is used as a sintering atmosphere, 
the temperatures needed to obtain densities 
comparable to the same powder sintered in 
argon are ~ 400° C higher. Comparison of the 
density of 7 g/cm? obtained by sintering powder 
of surface area <1 m2/g in hydrogen at temper- 
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atures up to 1500° C, with the density of 9 g/cm? 
achieved with UO2g13 (8 m?/g) under similar 
conditions, shows that when sintering in 
hydrogen a premium still attaches to the use of 
a fine powder. If the O: U ratio of a powder is 
high enough and the surface area sufficiently 
large, it may be sintered direct to stoichiometric 
oxide in hydrogen at temperatures as low as 
1400° C: this is probably a combined effect of 
particle size with maintenance of non-stoichoi- 
metry during densification. 


7. Conclusions 


Studies have been made of the sintering 
behaviour at various temperatures of oxides of 
varying particle size and of compositions in the 
range UOz to U3Qg in sintering atmospheres of 
argon, nitrogen, carbon dioxide, vacuum, hydro- 
gen and carbon monoxide. 

Both particle size and composition influence 
sintering behaviour. The beneficial effect of 
oxygen in excess of stoichiometry is believed to 
be chiefly due to the increased plasticity of 
UO,2) compared with UOz.o. Additional effects 
may arise under specific sintering conditions 
from the increase in surface area accompanying 
phase changes in oxides of O: U ratio above 
ew 2.06, from the increased volatility of UO2,2 
compared with UOs, and from the effect of 
oxygen in excess of stoichoimetry in removing 
adsorbed or absorbed hydrogen. 

A powder prepared by pyrolysis of ammonium 


diuranate followed by reduction in hydrogen, 
having a surface area of >2 m2/g and an O: U 
ratio of greater than ~ 2.06 should in neutral 
atmospheres at temperatures of 1100—1400° C 
sinter to give non-stoichiometric pellets of high 
density. The oxygen in excess of stoichiometry 
may be readily removed by hydrogen reduction 
at 1200-1400° C. Oxygen thus behaves as an 
ideal additive, promoting sintering and being 
readily removed afterwards. If the initial 
oxygen/uranium ratio of powder is high enough 
and the surface area large enough, (e.g. U30s 
of surface area ~ 10 m2/g), it may be sintered 
to high densities in hydrogen at ~w 1400°C. 
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Sintered uranium oxide of composition UO2e.0¢6 or 
UO2z.16 and density exceeding 95 % theoretical can 
be deformed plastically at about 800° C, but UOs2.00 
becomes plastic only above ~» 1 600°C. The bend- 
creep characteristics of UOe,2) are similar to those 
of metals inasmuch as they obey the expression 


é = A sinh (0/00) exp (Q/RT) 


where é is the strain-rate, o the stress and 7 the 
absolute temperature. A, oo and Q are material 
constants. The activation energy of flow, Q, varies 
with the oxygen/uranium ratio, being about 65 k cal 
for UOe16, 72k cal for UOe206 and > 95k cal for 
UO2.00. This latter value for UO2z.90 is comparable 
with the activation energy of 95-120 kcal experi- 
mentally determined for the diffusion of uranium in 
UOx2,0. 


L’oxyde d’uranium fritté de composition UOs.0¢6 ou 
UOz.16 et de densité supérieure a 94 % de la densité 
théorique peut étre déformé plastiquement a environ 
800° C, mais UOez.00 devient plastique seulement au 
dessus de » 1 600° C. Les caractéristiques de fluage 
par flexion de UO2,2) sont semblables a celles des 
métaux dans la mesure ou elles obéissent a l’expression. 


é = A sinh (o/00) exp (Q/RT) 


ou é est la vitesse de déformation, o la tension et T' 


1. Introduction 


The presence of oxygen in excess of the 
stoichiometric amount has been shown !: 2) to 
improve appreciably the sintering and warm- 
pressing behaviour or uranium dioxide. Material 
movement necessary for densification in sinter- 
ing can be effected either by a diffusion mecha- 
nism or by plastic flow, but whichever mecha- 
nism is responsible for material movement in 


la température absolue. A, oo et Q sont des constantes 
du material. L’énergie d’activation de fluage Q varie 
avec le rapport oxygéne/uranium: elle est d’environ 
65k calories pour UOse16, 72 kcal pour UO2z.06 et 
> a95k cal pour UO2.00. Cette derniére valeur pour 
UO2.00 est comparable a Vénergie d’activation de 
95-120 k cal déterminée experimentalement pour la 
diffusion de uranium dans UO2z.0. 


Gesintertes Uranoxyd der Zusammenstellung UOs.06 
oder UOz16 und mit Dichte tiber 95 % des theore- 
tischen Wertes kann bei 800°C plastisch verformt 
werden, aber UOse.00 wird erst oberhalb etwa 1 600° C 
plastisch. Die Biegungskriechverhaltnisse des UO(2.2) 
sind insofern jenen der Metalle ahnlich als sie der 
Gleichung 


é = A sinh (0/00) exp (Q/RT') 


folgen, wobei é die Verformungsgeschwindigkeit, o die 
Spannung und 7’ die Absoluttemperatur sind. A, oo 
und Q sind Stoffkonstanten. Die Aktivierungsenergie 
des Fliessens, Q, hangt von dem Sauerstoff/Uran 
Verhaltnis ab und betragt etwa 65 kcal ftir UOz.16, 
72kcal fiir UOe06 und > 95k cal fiir UOe.00. Der 
letztere Wert fiir UOz.00 ist vergleichbar mit der 
Aktivierungsenergie, 95-120 k cal, welche experimen- 
tell fiir die Diffusion des Sauerstoffes in Uran bestimmt 
worden ist. 


sintering or warm compaction, differences in the 
mechanical properties of the oxide should be 
related to its oxygen content. The experiments 
described in this report were designed to study 
directly the flow behaviour of sintered UOo+, 
as a function of x, temperature and stress. 
The tensile creep test, almost universally 
adopted for metals, is not particularly suited to 


. brittle ceramic materials, because of the practical 
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difficulty of ensuring axial loading, although the 
method has been used by Wachtman and 
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Fig. la. Apparatus for creep-in-bend experiments. 


Maxwell 3) to study the plastic deformation of 
synthetic sapphire and other ceramic oxide 
single crystals. Torsional stressing to 1 400° C. 
was used by Stavrolakis and Norton +) and by 
Wygant 5) in similar studies of the behaviour 
of polycrystalline pure oxides. This method 
requires fairly large test specimens and in the 
case of UOzg is further complicated by the 
necessity for a controlled atmosphere. Since the 
present investigation was not intended as a 
fundamental study, but as a preliminary survey 
of the gross differences in the plastic flow 
properties of stoichiometric and non-stoichio- 
metric UQOsz, the creep-in-bend technique was 
adopted. The simplicity of this method is off-set 
by difficulties in the interpretation of the 
experimental data. 


2. Apparatus 


The apparatus is shown in fig. 1. The specimen 
(2.20.38 x0.18 cm) rests on alumina rollers 
which lie in V-grooves 1.9 cm apart cut in a 
Nimonic miniature bend-rig. A mullite rod, 
ground to a knife-edge at its lower end, slides 
through the upper part of the bend rig and is 
thus located accurately on the centre of the 
specimen. The weights forming the load can be 
lowered on to or raised from the specimen by a 
lever system and vacuum-sealed actuating 
screw. The maximum load that could be applied 
was 1600 g equivalent to a maximum fibre stress 
on a standard specimen of 7000 psi. Beam deflec- 
tions were measured on a dial-gauge reading to 
2.2 x 10-4 cm. Preliminary experiments using a 
recrystallized alumina test-piece of double the 
standard thickness showed, that over a period 
of hours, the dial-gauge registered fluctuations 
of less than 2.510-4 cm due to differential 
thermal expansions of various parts of the 
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Fig. lb. Arrangement for bending UOg at 1650° C. 
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apparatus. Specimen temperatures were meas- 
ured by a Pt/Pt-Rh thermocouple sited 0.25 cm 
below the centre of the specimen, and main- 
tained to + 1° C of nominal temperature by a 
proportional controller in combination with a 
voltage-stabilized power supply. 

Although the apparatus could be, and was, 
used for short-time creep runs in vacuum at 
1000° C, the main advantage of vacuum tight- 
ness was to ensure that the last traces of atmos- 
pheric oxygen were removed before filling with 
argon or other protective gas. 


3. Specimens 


In addition to the variables of load, temper- 
ature and oxygen/uranium ratio, deformation 
rates were expected to be dependent on grain 
size, porosity and possibly, surface finish. The 
effect of surface conditions on strength has been 
reported on glass at ambient temperature ®) on 
single crystals of NaCl’) and more recently 8) 
on single crystals of magnesia which could be 
bent considerably at room temperature by 
suitable adjustment of surface condition. A 
standard procedure was adopted therefore for 
specimen preparation. The UOs:z, specimens 
with values of x=0, 0.06 and 0.16, were made 
by hydrostatically pressing 0.25 in. diameter 
rods of non-stoichiometric powder (without 
binder) and sintering at 1 450° C for 2 hours in 
nitrogen. Stoichiometric UO2 specimens were 
made from these non-stoichiometric rods by 
reduction in hydrogen at 1 200° C for 2 hours. 
This latter step did not alter the porosity or 
apparent grain size, although there was a 
reduction in density of 1-2 % due to the weight 
loss of oxygen. The density of all specimens was 
95 % theoretical, all the pores were closed, and 
the grain size was 2 to 10 microns. All test- 
pieces were machined accurately to size and 
hand-finished on a glass plate with —500 mesh 
carborundum. Careful visual inspection of all 
specimens before testing showed that they were 
free from cracks or other fault likely to give 
spuriously high creep rates. 


4, Experimental Results 


DEFLECTION-TIME RELATIONS AT CONSTANT 
TEMPERATURE AND LOAD 


4.1. 


Typical deflection-time curves for UO2.9¢ and 
UOs2.16 are shown in fig. 2. These curves are 
similar in general shape, and attention was 
therefore concentrated on UO2.1¢. In figs. 3-6 
the creep curves, under the same loads, of 
specimens of UO2,16 at 975° C, of glass at 510° C, 
and of commercially pure aluminium are given, 
all specimens being of the same dimensions. 
The temperatures for glass and aluminium were 
chosen to give appromimately the same order 
of deflection rate under a load of 972 g as for 
UO2z.16 at 975° C although it proved impossible 
to match them exactly. Whereas for aluminium 
all the curves show the characteristic decrease of 
creep-rate with time associated with strain- 
hardening, the curves for glass and UOs2.16, 
after a much shorter initial stage of delayed 
elasticity (for glass) or transient creep (for 
UOs.16), are sensibly linear with time. 


4.2. STRESS VERSUS STRAIN-RATE AT CONSTANT 
TEMPERATURE 
The equation relating the deflection, d, at the 
centre-point of an elastic beam of width b and 
x’ UO9 96,1000°C 


0.008 UO>z 16,1000°C 


UO 4¢.900°C 
w 0.006 
Ww 
ae 
O 
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0.002 4 = 
x—"* Oo 5. 7900°C 
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Fig. 2. Creep curves for uranium oxides at 1200 g 


load. 
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Fig. 3. Creep-in-bend of UO:.16, glass and aluminium Fig. 5. 


(load = 288 g). 
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Fig. 4. Creep-in-bend of UOz.16, glass and aluminium 


(load = 516 g). 


depth h, loaded as in these experiments, is given 


approximately from elementary elasticity 
theory by 
PLP 
= Tipne (1) 


where P=applied load and EH is Young’s 
modulus. The assumptions made in the deri- 
vation of this equation are that (i) stress is 
proportional to strain (ii) plane sections remain 
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Creep-in-bend of UOz.16, glass and aluminium 
(load = 972 g). 
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Fig. 6. Creep-in-bend of UOs2.16, glass and aluminium 


(load = 1200 g). 


plane so that both stress and strain are pro- 
portional to distance from the neutral axis, 
(ili) the material behaves the same in com- 
pression as in tension, (iv) the deflection is 
small and (v) deflections due to shear stress 
can be neglected. With the same assumptions 
the viscosity-elasticity analogy permits the 
use of the same equation if d is replaced by its 
time derivative, d, and E by 4, Trouton’s 


———— 
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coefficient of viscous traction, which for these 
conditions is usually assumed to be 37, where 
y is the Newtonian viscosity. Equation (1) 
therefore becomes 
2 

ETT: (2) 
The quantity PL?2/12bh3 has the dimensions of 
stress and d/L the dimensions of strain-rate. 
Thus a plot of PL2/12bh3 as abscissa against 
d/L as ordinate, should yield a straight line 
through the origin, the reciprocal of the slope 
giving the viscosity. Fig. 7 shows such a plot 
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Fig. 7. Effect of high stresses on the deformation 


rate of UOe.16, glass and aluminium. 


for the three materials glass, aluminium and 
UOz.16. Attention in this series of experiments 
was concentrated on UOs.i¢ to the exclusion of 
UOz.06, because the higher plasticity of the 


former material enabled a greater range of 


strain rates to be achieved with the loads 
available. The “‘best-fit’’ straight line for glass 
does not pass through the origin but this should 
not be construed as implying that glass is 
plastic (i.e. has a yield-point) at this temperature. 
The reason for the small apparent yield point 
is that the deflection indicated by the dial-gauge 
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is the sum of two components (1) that at the 
mid-point of the specimen and (2) that due 
to indentation of the specimen by the alumina 
supports and the knife-edge. The relative 
contribution of the latter increases with the 
load, giving an apparently decreasing viscosity. 
The mean viscosity for the eight specimens of 
glass plotted in fig. 6 was 1.9 x 1018 poise. 
The curves for UOe1¢ and aluminium are 
obviously not even approximately linear, so 
that equation (2) cannot apply. The corre- 
sponding equation for a non-linear material has 
been derived by Woodrow 9), making the same 
assumptions as above except that the stress/ 
strain rate relation in tension and compression 
is given by 
Ihe 


= oO 
€ = = sinh — 
Gi 00 


(3) 


where t and op are material constants, varying 
with temperature. This form of relation is 
chosen for three reasons; (a) it is dimensionally 
homogeneous; oo has the dimensions of stress 
and can be defined as the “‘creep modulus’, 
by analogy with Young’s modulus, and t has the 
dimension of time, (b) it satisfies the require- 
ment that the creep rate shall be zero at zero 
stress, which the commonly used power laws and 
exponential functions do not, and (c) it is of the 
form which has been deduced theoretically from 
Eyring’s rate theory by Kauzmann!°) and Dush- 
man et al.1), from dislocation theory by Nowick 
and Machlin 12), and on the basis of a stress- 
directed diffusion mechanism by Nabarro }8). 

The full solution to the bending problem 
under the conditions of centrepoint loading and 
assuming equation (3) is not given here. It can 
be shown, however, that for very large loads, 
the equation reduces to 


d gos bhoo 


ER 


12-16 


bh200° 


(4) 


The maximum fibre stress is PL/bh2=S (as 
in a fully plastic beam) and equation (4) holds 
when S >> oo. Since L is an apparatus constant 
for all specimens a plot of log Pd/bh against 
P/bh2 should be linear. 

Fig. 8 shows the data for UOe.15 at 975° and 
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Fig. 8. Pd/bh versus P/bh? for UO2.16, at 975° C and 


for aluminium at 240° C. 


commercial aluminium at 240° C replotted from 
fig. 7 on this basis. The material constants t 
and oo can be determined by comparing the 
deflection rates d,, and dz for loads P and 2P 
respectively, with b, h and L constant. It then 
follows from (4) that 


Pitt 
09 = — — 5 
© bh? in 2de/d; (5) 
LT? dy 1 
©; SS eS SS Se 6 
2h d? In 2d2/d1 ( ) 


The values found for UOe.1¢ at 975° C were 
t=1.4x10? sec and op=9.5x107 dyne/cm?. 
For very low loads these values yield a viscosity 
of approximately 4.41014 poise. Using the 
simple elastic formula (2), values for the 
apparent viscosity 7, are obtained ranging 
from about 1.1 x 101° poise at the highest stress 
of 4.5 x 108 dyne/cm? to 9.8 x 1013 poise at the 
lowest stress of 5x 10? dyne/cm?. 

In theory, therefore, it would appear that the 
tensile flow properties of pure oxides at high 
temperatures may be deduced from bend tests 
at a few high loads, in the same way as room- 
temperature tensile strength is deduced from 


bend tests. Harris and Child 14) using a “‘canti- 
lever-bending method” have shown that such a 
correlation exists for high-temperature steels. 
In practice, however, for ceramic materials the — 
picture is complicated since these materials are 
not homogeneous. Pores and Griffith cracks 
both have a stress-concentrating action, which 
may react in a different manner under the 
complex stress pattern obtaining in a bend test, 
compared to the tensile or compression test. 


4.3. STRAIN RATE VERSUS TEMPERATURE AT 


CONSTANT STRESS 


The temperature dependence of the viscosity 
of glass and the creep rate of metals at constant 
stress is known to be of the form: 


n=const exp Q/RT 


where Q is the activation energy per mole. 
Fig. 8 shows a log 7, versus reciprocal temper- 
ature plot for 16 specimens of UOeo¢. and 10 
specimens of UOsig over the temperature 
range 800—1000° C. For the purpose of this plot, 
yn, the apparent viscosity was calculated using 
equation (2), but since P, b, h and L were 
constant for all specimens fig. 9 is the same as a 
direct plot of steady deflection rate against 1/7’. 
Although there is a scatter in the data, an 
approximately linear relationship obtains for 
all the oxide compositions, but for a given 
deflection rate there is a temperature difference 
of about 100° C between UOe.9g and UOe.1¢. No 
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Fig. 9. Apparent viscosity versus reciprocal temper- 


ature for uranium oxides. 
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plastic deformation was observed for stoichio- 
metric UOz at this stress (5000 psi) and temper- 
ature range. Specimens held at 1000° C for 216 
hours were deformed less than 2.5 x 10~4 cm i.e. 
the viscosity at 1000° Cis > 1018 poise. To deter- 
mine the temperature at which UO2 becomes 
plastic, the arrangement shown in fig. 1b was 
used. The specimen, 4.5x0.5x0.4 cm was 
supported on alumina rods (A, A) positioned in 
V-grooves machined in the lower alumina block. 
The upper alumina block constituted the load 
and was held in position by alumina rods C and 


creep runs were carried out in argon, nitrogen or 
vacuum. 


4.5. MECHANICAL PROPERTIES OF UOsiz AT 
ROOM TEMPERATURE 

The differences in mechanical properties of 
UOs;, and UOez.» at elevated temperatures, 
were found to persist at room temperature. 
Table 1 shows the room-temperature bend- 
strength of sintered UOzi1¢ and’ UOs2.o deter- 
mined on specimens of dimensions 2 x 0.2 x 0.16 
in. using the quarter-point loading technique. 


TABLE 1] 


Bend-strength of UO2,, at room-temperature (Mean values for 6 specimens) 


Dousit Bend Standard Coefficient of 
Material Gi strength deviation variation 
é (psi) (psi) (%) 
UO2.16 10.55 11 400 950 8.2 
UOsz.0 10.4 8 800 1310 15 


D, also in V-grooves. The upper block was 
displaced slightly so that its centre of gravity 
lay between C and D. Under these conditions 
the maximum fibre stress was about 500 psi. 
The whole assembly was heated in a molyb- 
denum wound furnace and the temperature 
raised at 20°C per min beyond 1300°C to 
1650° C, when the specimen showed signs of 
bending. Measurement of the deformation of the 
specimen after removal from the furnace 
yielded a value of 2 x 1012 poise for the apparent 
viscosity. 

The slopes of the lines in fig. 9 give the acti- 
vation energy Q for the flow process. The ‘‘best 
fit’’ lines for UOe.9g and UOe.1g were determined 
using a least squares method and gave acti- 
vation energies for flow of 72 and 65 kcal 
respectively. For the stoichiometric oxide Q 
must be at least 95 k cal. 


4.4. ErFECT OF ATMOSPHERE ON PLASTIC 
DEFORMATION 

All other conditions being equal, no differ- 

ences in deformation rates were observed when 


The values obtained are approximately the 
same as those reported by Burdick and Parker }) 
for specimens made from fused UOs. 


4.6. YOUNG’S MODULUS OF UOsi, AT ROOM 
TEMPERATURE 


Young’s modulus, determined by the sonic 
method on a bar of rectangular section, of 
composition UOe16, density 10.5 g/cm? was 
18 x 108 psi. The value for the same specimen, 
after reduction in hydrogen at 1200° C was 
27x 108 psi. 


5. Discussion 


Possible mechanisms responsible for the 
deformation of stoichiometric and non-stoichio- 
metric uranium dioxide have already been dis- 
cussed in connection with the warm-pressing of 
these materials 2). In the discussion of these 
investigations it was suggested that studies of 
the effect of deviations from stoichiometry 
upon the deformation characteristics of uranium 
dioxide might enable the roles played in this 
process by stress-directed vacancy diffusion and 
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by dislocation movement to be more accurately 
assessed. 

The experimental results of this present 
investigation show that for uranium dioxide 
the rate of flow is proportional to sinh of the 
applied stress. In his original analysis Nabarro 
showed that diffusional creep would give rise 
to such a relationship, but only for strain rates 
so small that deviation from the equilibrium 
vacancy concentrations would be small. 
Attempts to apply this theory quantitatively 
to the creep of metals have always been in cases 
where stresses and strain rates are low, and thus 
where stress and strain rate were approxi- 
mately proportional. The formal theory for this 
portion of the stress-strain rate relationship has 
been derived by Herring who has shown that 
the viscosity (j) of a polycrystalline solid of 
equal sized quasi-spherical grains for a cubic 
material of one type of atom is given by 


kT. Re 
US BLD, (7) 


where 
k =Boltzmann’s constant 
T =Absolute temperature °K 
Qo= Atomic volume 
D =Diffusion coefficient. 


Over the limited range of stresses, where the 
strain-rate is approximately proportional to 
stress for the flow of UO: the experimental 
values for 7 can be compared with those derived 
from eq. (7). 

Because of the phase transformation that 


occurs when the non-stoichiometric material is 
cooled to room temperature, the average grain 
size of the materials tested is not accurately 


known at the temperature of deformation. It — 


will lie in the range 1—10 microns, and in 
our calculations the value of 5 microns was used. 
The diffusing unit will be UO: effectively, which 
has an atomic volume 40 x 10-24 cm’, Extremes 
of values for D can be calculated from the 
experimentally determined values of Do for 
oxygen 16) and uranium !7) in the stoichiometric 
oxides and of the activation energy of flow for 
the various oxides. Substituting all these 
figures in eq. (7) gives in table 2 the values of 
viscosities for the different oxides at the 
temperature indicated. 

This table shows that there is an appreciable 
discrepancy between calculated and observed 
viscosities for stoichiometric oxide. As departure 
from stoichiometry increases so the discrepancy 
between the lowest calculated viscosity and the 
observed value decreases. The change of 
viscosity with composition, which is of the right 
order, is attributable entirely to the lowering 
of activation energy for the flow process. 

Bearing in mind the nature of the assumptions 
made in deriving the diffusion coefficients, the 
contribution to the observed flow by a vacancy 
diffusion process over the limited range where 
strain-rate is approximately proportional to 
stress is probably small, but on the evidence 
available cannot be dismissed entirely. 

Deviation from stoichiometry might affect 
plastic flow by dislocation movement, in several 


TABLE 2 


Comparison of observed and calculated viscosity of UO2,7, according to the vacancy diffusion model 


Viscosit oises 
Material greta Q Do D = oe 
(°C) (k cal) (cm?/sec) (cm?/sec) Cale. Obs. 
UOs2.0 1650 > 95 3 x 10-2 wz 10718 2 x 10 2 x 1012 
UOd.06 975 72 Saal Ome db. <x 10-1 4 x 1016 ew 1015 
3 105 5 x 10718 4 x 1019 
UO2z.16 975 65 3 > LOne ww 10718 2 x 1015 mw 1014 
orl One re 10718 2 x 1018 


— 


¥ 


THE PLASTIC DEFORMATION OF URANIUM OXIDES ABOVE 800° C 47 


ways viz. by altering the geometry of dislocation 
movement, by altering the strength of the 
dislocations, or by influencing the interaction 
between vacancies and dislocations. 

The presence of additional oxygen atoms in 
the octahedral interstices in ordered or dis- 
ordered array does not affect the geometry of 
dislocation movement directly i.e. it does not 
alter the probable slip direction or increase the 
number of slip-planes. 

The extra oxygen atoms do, however, affect 
the binding energy of the lattice as is evidenced 
by the reduction of Young’s modulus for UO2.16 
compared with UOsz. The non-stoichiometric 
material would be two-phase, consisting of UOz 
and U,4Qz so that the value of Young’s modulus 
for U4Op itself must be less than one half that 
of the stoichiometric material. This reduction 
in modulus will mean that the strength of a 
dislocation will be lower for non-stoichiometric 
oxide than for UOz by may be a factor as high 
as five. This contrasts with the observed increase 
in strain rate for a similar composition variation 
by a factor of at least 10°. 

Activation energies for creep in metals are 
often equal to those for self-diffusion, which is 
evidence in support of creep by a dislocation- 
climb mechanism. The activation energy for 
creep of stoichiometric oxide lies in the range of 
values quoted for the self-diffusion of uranium 
in this material, so that is some justification for 
considering the dislocation climb model as 
applicable. Increase of plasticity of the oxide 
with increasing oxygen content, and the lower 
activation energy of flow, implies a lower 
activation energy for self-diffusion of the 
uranium ion in this material. 

Pratt 18) has recently advanced the hypothesis 
that dislocations in ionic crystals will be 
electrically charged, provided there is an appre- 
ciable difference between the activation energies 
for formation of the two types of vacancies. 
These charged dislocations will be surrounded 
by a sheath of vacancies of the opposite charge. 
At high temperatures the mobility of the dis- 
locations may well be determined by the mobility 
of the associated vacancies, and the activation 


energy of flow will again be that for diffusion of 
these vacancies. The known large differences in 
activation energies for diffusion of the two types 
of ion in UO, fulfil the primary requirement of 
Pratt’s hypothesis. 

There is thus a great deal of similarity between 
stress, strain and temperature relationships for 
creep in uranium dioxides and metals, and the 
same state of indeterminacy as to the exact 
mechanism for secondary creep applies in both 
cases. Whichever detailed model is applied, it 
is required that departure of the dioxide from 
stoichiometric composition demands a decrease 
in the activation energy for diffusion of the 
uranium ions. In a qualitative manner this 
might be expected from the fact that Young’s 
modulus and hence binding energies are lower 
for the non-stoichiometric materials. The vola- 
tilization of a uranium-bearing species from the 
non-stoichiometric oxide at relatively low 
temperatures is a further indication of lower 
lattice energies. Direct determinations of the 
diffusion coefficients of oxygen and uranium in 
non-stoichiometric oxides would be of great 
value in the search for the flow mechanism, as 
also would be the metallographic study of the 
deformation process in large-grained dioxide 
specimens. 


6. Conclusion 


1. It has been shown that sintered UQOs o¢ 
and UOsz.i¢ can be deformed plastically at about 
800° C, the corresponding temperature for UOe 9 
being about 1600° C. 

2. The creep characteristics of UOag+, are 
similar to those of metals, i.e. they can be 
summarised in the expression. 


ée=Ai sinh o/oo exp Q/RT 


where A, oo and Q are material constants. 
The activation energy Q appears to vary 
with oxygen/uranium ratio, being about 72 
k cal/mole for UOe.o¢, 65 k cal/mole for UOs.16 
and >95 kcal/mole for UOez.». The value for 
UOzo is approximately the same as that 
determined for the self-diffusion of uranium in 


UOs2,0. 
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3. The demonstrated variation of plasticity 
with composition is in agreement with obser- 
vations on the effect of departure from stoichio- 
metry upon the sintering behaviour of uranium 
dioxide. No conclusive evidence has been 
obtained as to which of several possible atomic 
mechanisms is responsible for flow in these 
materials. 
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Possibilities are reviewed for improving the high- 
temperature strength properties of three nickel-base 
alloys after fabrication of sheet material. Creep and 
tensile data are presented for Inconel, Hastelloy B, 
and INOR-8. Depending on the material and service 
conditions, improvements in strength can be brought 
about by any of three treatments: (1) annealing or 
aging, (2) carburization, and (3) environmental 
control during service. 

Data showing the relative strengthening by each of 
these means are presented. Carburization produces 
the greatest increase in creep strength. Although the 
improvements are not as pronounced as in the case 
of carburization, nitriding and oxidising environments 
also can increase the creep life over the life in argon. 
Optimum annealing or aging treatments, however, 
are dependent on the anticipated service temperature 
and stress. 


On passe en revue les possibilités d’amélioration des 
propriétés de résistance a haute température de trois 
alliages a base de nickel aprés leur transformation en 
toles laminées. Les données de fluage et de traction 
sont rassemblées pour l’Inconel, l’Hastelloy B, et 
VINOR 8. Suivant le matérial et les conditions 
d’utilisation, des améliorations dans la structure sont 
obtenues par l’un ou lautre des trois traitements: 
(1) recuit ou vieillissement, (2) cémentation, et (3) 
contréle de ’atmosphére durant l’emploi du matérial. 

Les données montrant Vaugmentation relative de 
résistance obtenue par chacun de ces traitements sont 
précisées. La cémentation produit la plus grande 
augmentation de résistance au fluage. Bien que les 


1. Introduction 


Most nuclear reactors under development in 
the United States today require the extensive 
use of sheet and tube material as structural 
elements. The homogeneous and molten-salt 
reactors, for example, require sheet material 
for core shells as well as extensive piping for 
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améliorations ne soient pas aussi prononcées que dans 
le cas de la cémentation, les atmospheres de nitruration 
et d’oxydation peuvent accroitre la durée de vie au 
fluage par rapport a la durée de vie dans l’argon. Le 
traitement de recuit ou de vieillissement optimum 
dépend cependant de la température et des sollici- 
tations mécaniques prévues pour l’emploi des maté- 
riaux dans les réacteurs. 


Es wird ein Uberblick gegeben, durch welche Behand- 
lungen die Hochtemperaturfestigkeit dreier Legie- 
rungen auf Ni-Basis nach der Herstellung der Bleche 
verbessert werden kann. Die Daten aus Kriech- und 
Dehnungsversuchen werden fiir Inconel, Hastelloy B 
und INOR-8 angegeben. Je nach dem Material und 
seinem Verwendungszweck koénnen Verbesserungen 
der Festigkeit durch eine der folgenden drei Behand- 
lungsmethoden erzielt werden: (1) Gltihung oder 
Alterung, (2) Aufkohlung, (3) Kontrolle der das 
Material umgebenden Atmosphare wahrend seiner 
Verwendung im Reaktor. Es werden Ergebnisse 
angefiihrt, die die relative Erhéhung der Festigkeit 
durch jede dieser Massnahmen zeigen. Die Auf- 
kohlung ruft die grésste Zunahme der Kriechfestigkeit 
hervor. Nitrierende und oxydierende Atmospharen 
kénnen die Kriechfestigkeit ebenfalls im Vergleich 
zur Argon-Atmosphare erhéhen, obwohl die Verbesse- 
rung nicht so gross wie nach einer Aufkohlung ist. 
Optimale Glih- und Alterungsbehandlungen sind 
jedoch von der voraussichtlichen Temperatur und 
mechanischen Beanspruchung des Materials bei 
seiner Anwendung im Reaktor abhingig. 


fuel circulation through the core chambers and 
heat exchangers. In addition, many heterogene- 
ously fueled reactors use tube and sheet material 
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for cladding or canning of the fuel elements. 
In almost all cases it is desirable to keep the 
thickness of the container material to a mini- 
mum in order to assure good heat-transfer 
properties and satisfactory neutron economy. 
This requirement, in conjunction with the high 
temperatures to which the metal is subjected, 
makes it essential to employ materials possessing 
good high-temperature strength properties. 
Unfortunately, such materials are usually diffi- 
cult to fabricate into the complex shapes and 
thicknesses often required by the reactor design. 

In the past it has been necessary to select a 
compromise material which is only borderline 
from a fabrication standpoint and possesses just 
adequate strength properties. It is, therefore, 
desirable to learn how materials which are 
easily fabricated into the required shapes can 
be treated to enhance the strength properties 
after final fabrication. Three possibilities for 
accomplishing this have been studied at the 
Oak Ridge National Laboratory. These can be 
summarized as follows: (1) heat treatment to 
produce the optimum grain size and aging 
properties, (2) minor addition of an alloying 
element such as by carburizing, and (3) selection 
and control of an environment which enhances 
the high-temperature properties. The materials 
which have been studied are nickel and three 


TABLE 1 


Typical analyses for Inconel, INOR-8, and Hastelloy B 
(All figures are in wt %) 


Material Inconel INOR-8 Hastelloy B 
Cr 15.4 7.0 0.3 
Fe 7.4 4.85 4.8 
Mo 15.8 27.5 
C 0.04 0.02 0.5 
Mn 0.3 0.34 0.9 
Si 0.2 0.32 0.6 
Al 0.2 — 0.2 
Ani 0.33 — 0.3 
Co -—- — 0.3 
Mg — — 0.7 
S 0.007 — — 
P oe ee = 
B 0.09 0.02 -- 
Ne 0.027 -- — 
Ni Bal Bal Bal 
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nickel-base alloys: Inconel, Hastelloy B, and 
INOR-8. Two of these alloys, Inconel and 
INOR-8, are solid solutions. Hastelloy B ex- 
hibits an aging reaction at temperatures below 
1650° F. Typical analyses of these alloys are 
supplied in table 1. 


2. Techniques and Results 

Techniques of heat treating high-temperature 
materials to bring out the maximum strength 
properties are well known. If the fabrication is 
carried out below the recrystallization tempe- 
rature, the high-temperature strength is im- 
proved by annealing. Generally speaking, the 
higher the anticipated service temperature, the 
higher the annealing temperatures should be. 
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Fig. 1. Inconel sheet. Comparison of stress rupture 
properties of coarse-grained and fine-grained sheet 
tested in argon at 1 300° F, 1500° F and 1 650° F. 


Fig. 1 shows the stress-rupture properties of 
fine- and coarse-grained Inconel produced by 
annealing for 1 h at 1650 and 2050° F. Stress- 
rupture curves are given for three temperatures: 
1300, 1500, and 1650°F. At 1300°F the 
fine-grained material yields the longer rupture 
life for all the stresses which were studied. At 
1500° F, however, the two grain sizes behave 
nearly the same, and at 1650° F, a very high 
temperature for Inconel, the coarse-grained 
material is superior at low stresses. 

This type of behavior has been commonly 
observed in the case of single-phase metals. 
There are two theories which have been pro- 
posed to explain this observation. The first of 
these suggests that at high temperatures grain- 
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boundary slip constitutes an appreciable frac- 
tion of the total deformation. Thus coarse- 
grained material, which has less grain-boundary 
area, will be stronger than fine-grained metal. 
A more recent theory proposed by Parker !) 
suggests that the annealing treatment required 
to produce coarse grains eliminates high-angle 
grain boundaries. Such boundaries weaken the 
metal at high temperatures because they greatly 
facilitate dislocation climb. 
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Fig. 2. Creep curves of Hastelloy B solution annealed 
at 2 050° F for 2h and tested at 1 500° F at 15 000 psi. 
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Fig. 3. Creep curves of Hastelloy B solution annealed 
at 2 050° F for 2 h and tested at 1 650° at 7 500 psi. 


Multiphase alloys, which depend upon particle 
dispersions for their strength properties, may 
also require heat treatment to bring out the 
maximum in strength. This is particularly true 
for age-hardenable alloys such as Hastelloy B. 
By annealing at 1300° F, where the aging 
occurs very rapidly 2), Hastelloy B may be 
greatly strengthened even when the service 
temperature is to be above 1300° F. 

Fig. 2 compares the creep curve at 1500° F 
for solution-annealed and aged materials. It 
may be seen that the creep rate is much lower 
for the aged material and the rupture life is 
approximately doubled. Accompanying these 
two improvements, however, is a decrease in 
the elongation at rupture. One obtains very 
different results when testing at a higher 
temperature, 1 650° F, which is in the solid- 
solution region. As seen in fig. 3, the creep rate 
for the solution-annealed material, although 
initially greater than that of the aged material, 
decreases with time while the aged material 
exhibits an accelerating creep rate very early 
in the test. The result, therefore, is that the 
solution-annealed material yields a longer 
rupture life and a slightly greater ductility than 
the aged material. Kennedy 3) has studied this 
phenomenon in some detail, and in a recent 
report discusses the reasons for this behavior 
pattern. One may conclude that where service 
temperatures are high and a maximum strain 
is not the limiting factor, the possibility of 
solution annealing rather than aging should be 
seriously considered. 

It appears, therefore, that there exists some 
optimum annealing temperature for each parti- 
cular combination of service stress and operating 
temperature. Unfortunately, to capitalize on 
this feature one must accumulate extensive data 
on a given material concerning the creep and 
stress-rupture properties as a function of 
annealing treatment, stress, and temperature. 
Moreover, the designer must have a fairly 
precise knowledge of the effective stress and 
temperature conditions during service. Since 
these factors do vary during service, the 
maximum strength properties can never really 
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be obtained for the entire operating life. Thus, 
other alternatives for strengthening metals, 
such as alloying, should be considered. 


Zale 


Carbon has long been known as a potent 
strengthener for many alloys, either as an 
interstitial or as a precipitated particle. One 
drawback to the more extensive use of this 
agent is that metals containing more than a 
few tenths percent carbon are generally difficult 
to form, especially during low-temperature 
drawing and other pressure-forming operations. 
If the carbon were added after such fabrication 
procedures were completed, this difficulty could 
be avoided. The feasibility of such a treatment 
was studied. For this investigation, 0.060-in.- 
thick sheet specimens of Inconel containing a 
nominal 0.04 wt % carbon were carburized at 
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sheet at 1 650° F with carbon content. 
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Fig. 5. Comparison of creep properties of carburized 
Inconel vs. the unearburized commercial material. 
Tested in argon at 1 300° F and 15 000 psi. 


SWINDEMAN AND D. A. DOUGLAS 


various temperatures and times; and after 
solution annealing at 2 050° F for 2 h, tensile 
tests and creep tests were conducted. Fig. 4 
shows the variation of tensile properties with 
the carbon content for Inconel gas-carburized 
at 1 800° F from 1 to 7 h and tested at 1 650° F. 
Carburizing times as short as 20 min result in 
an increase in carbon to 0.1 %. This addition 
increases the yield point by ~ 25 %. No serious 
loss in the high-temperature ductility is ob- 
servable at this temperature. 

Creep tests were conducted on material, pack 
carburized to ~ 1 wt % carbon, at temperatures 
of 1300, 1500, 1650, and 1800° F. Creep 
curves at 1 300° F in argon for carburized and 
uncarburized Inconel are compared in fig. 5. 
The creep rate is reduced by a factor of 10 and 
the rupture life is more than tripled. These 
improvements are made with a sacrifice of 
ductility at rupture which decreased from 38 
to 26 %. Similar behavior has been observed 
for tests at 1500° F. At higher temperatures 
even in a corrosive environment, such as fused 
salts, a great degree of strengthening can result 
from carburization. Fig. 6 compares creep 
curves for carburized and non-carburized In- 
conel in molten salt at 1650° F. Here the 
minimum creep rate is reduced by a factor of 
over 10 and the rupture life extended by more 
than a factor of 7. At 1 800° F the creep rate 
for the carburized material was found to be 
lower by a factor of 100 and the rupture life 
over 20 times longer. 
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Fig. 6. Comparison of creep properties of carburized 
Inconel vs. the non-carburized commercial material. 
Tested in liquid no. 30 at 1650°F and 3000 psi. 
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A similar study was conducted using INOR-8, 
which is an alloy containing the very strong 
carbide former molybdenum in addition to 
chromium. Like Inconel it was found to be 
significantly strengthened by carburization. 
Creep curves for tests at 1500 and 1800° F are 
shown in fig. 7 and fig. 8. At 1500° F one 
observes that the creep rate is halved and the 
rupture life more than quadrupled. At 1800° F 
the strength approaches that of Hastelloy B. 
Since Hastelloy B is considerably more difficult 
to cold form than INOR-8 and tends to embrittle 
from aging reactions, it is apparent that the 
introduction of carbide particles into the more 
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Fig. 7. Comparison of creep curves for carburized 


and non-carburized INOR-8 with Hastelloy B at 
1500° F. 


1800°F, 3000 psi IN SALT NO. 407 


ELONGATION (%) 


= 


O 200 400 600 800 4000 


TIME (h) 
Fig. 8. Comparison of creep curves for carburized 
and non-carburized INOR-8 with Hastelloy B at 
1800° F. 
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fabricable solid-solution alloy represents a con- 
siderable advantage over the use of either alloy 
in the untreated condition. 


2.2. KNVIRONMENT 


Environmental effects also can play an im- 
portant role in changing the mechanical pro- 
perties after fabrication. Although the environ- 
ment during service is generally not specifically 
chosen because it is beneficial to the strength 
properties of the metal, it can, nevertheless, be 
an important factor in determining whether 
additional strengthening of the material can 
be achieved. Fig. 9, for example, compares the 
creep curves for coarse-grained Inconel tested in 
argon and nitrogen. The influence of nitrogen is 
to increase the rupture life and reduce the 
creep rate as the gas reacts with the test 
material. Vacuum-fusion analysis indicates that 
the nitrogen content is quite high near the 
surface, ~ 0.2 %, but decreases as the distance 
from the surface is increased. Fig. 10 is a plot 
of nitrogen content as a function of the depth 
of penetration. Fig. 11 is a photomicrograph of 
a typical annealed structure for Inconel showing 
a rather clean alloy. Fig. 12 represents the 
structure of Inconel after testing in a nitrogen 
environment. There can be seen a considerable 
number of dispersed particles along crystallo- 
graphic planes. These particles, probably com- 
plex nitrides of chromium and iron, extend to 
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Fig. 9. Comparison of creep curves for coarse- 
grained Inconel tested in argon and in nitrogen at 
1500° F and 3500 psi. 
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Fig. 10. Variation of nitrogen content with depth 
from surface for Inconel tested in nitrogen at 1 500° F. 


a depth of nearly 0.020 in. from the exposed 
surface. These nitrides strengthen the matrix 
and grain boundaries in a similar manner to 
that of carbides. The importance of an alloying 


element such as chromium 


was further es- 
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Photomicrograph of Inconel tested in argon at 1 500° F. Etch: 10 % Oxalie. 
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tablished by comparing creep curves for “A” 
nickel tested in argon and nitrogen. No ap- 
preciable difference could be seen between the 
creep rate or rupture life of nickel in these two 
environments. 

A gaseous environment more often en- 
countered in engineering design is air. The 
reaction between this gas and a metal at 
elevated temperatures results in the conversion 
of some metal at the surface into the metal 
oxide. Depending upon the material, tempera- 
ture, geometry, and stress, oxide formation may 
be either beneficial or deleterious to the high- 
temperature strength properties. Iron-base al- 
loys, low in chromium, may be weakened or 
unaffected by oxide formation while nickel-base 
alloys quite often are strengthened. In fig. 13, 
the creep curves at 1 500° F in air and argon 
are compared for “A” nickel. Nickel tested in 


eo * 2 
* 
* * a u 
* oS 
. pS . is 
. ne ; 
et 
a on : 
{ ~ Mn, £3 Pair 
: &, eS Or | 
z 1 ; 
f) me { 
? * eis 
‘ | 
“ ml 
&.* at 
ier ase Ne 
: LTE 
ao oO 
o snes 
i 
a ° C33 | 
. Sas 
x 200. 


IMPROVEMENT OF THE HIGH TEMPERATURE STRENGTH PROPERTIES 55 


= 
4 Nai 

Ch Pe 

SOO Oh 

Ee 

7 Sy 


00 

i 

N 

oi 

x 

B00, ee 
ee % = x Ne. 
Ket 

$00" , ‘ 

00" eo 

00 

00 

z 

oO 

= 

a 

wo 


Fig. 12. Structure of Inconel tested in nitrogen at 1 500° F. Etch: 10 % Oxalic. x 470. 


argon failed at only 1 000 h while in air the test the surface of Inconel probably decreases the 
was discontinued with no rupture after 10 000h. rate of internal oxidation and nitriding; thus, 
A test at 2 500 psi, representing a 40 % increase the bulk material yields the same creep rate 
in stress, lasted more than 8 400 h, even though as observed in argon. The formation of a surface 
+ of the metal cross section had been oxidized. crack along a grain boundary, however, may 
The structure of this specimen can be seen in open the surface oxide layer long enough for 
fig. 14. It is apparent that some internal 


5 = 3 40 
oxidation had occurred. These oxides probably 
act in the same manner as carbides and nitrides 
to lower the creep rate. 

Other nickel-base alloys also exhibit a similar, e ; ACCOM eo lees 

. Pa 
though not as pronounced, behavior. In the e 
: ° . < es 
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life is nearly doubled in air and the elongation TIME (hx 400) 


at rupture is nearly 4 times as great. The Fig. 13. Nickel sheet, tested as received in argon 
formation of an impermeable oxide coating on and air at 1 500° F and 1500 and 2 500 psi. 
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Fig. 14. 
the environment to enter into the crack pro- 
ducing oxidation and strengthening and in this 
way hinder the propagation of the crack. As a 
result a greater elongation and rupture life 
could be expected in the case of an oxidizing 
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Fig. 15. Inconel sheet-heat “‘B”’. Tested as received in 
[ argon and air at 1 500° F and 3 500 psi. 


Photomicrograph of nickel tested 8 400 h in air at 1 500° F. 
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x 250. 


atmosphere. There are, of course, several con- 
ceivable phenomena to which the strengthening 
in air could be attributed. Shahinian *) lists five 
possibilities based on his own studies, the work 
of Parker et al.5. 6) and Shepard and Schalliol ”). 
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Inconel sheet as received. Tested in air at 1 500° F 
and 3 500 psi. 
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As the section size decreases and the surface- 
to-volume ratio increases, the environment 
naturally plays a more important role. Air, for 
example, strengthens 0.02-in. Inconel sheet far 
more than it does the 0.060-in. sheet. In fig. 16, 
it can be seen that 0.020-in. sheet at the same 
stress level lasted over 3 times as long as the 
thicker specimen. 

In summarizing the findings of these investi- 
gations, it is concluded that all three means, 
thermal treatment, environmental treatment, 
and alloying additions, may lead to improvement 
of high-temperature strength properties. The 
method which appears to be the most control- 
lable and which provides stability over the 
greatest range of operating conditions is that 
of alloying by carburization. Substantial engi- 
neering benefits can be derived by use of this 
technique without altering the other desirable 
qualities of the structural alloys. 
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ESSAIS DE CORROSION PAR L’EAU A TEMPERATURE ELEVEE SUR MONOCRISTAUX 
D’ALUMINIUM DE PURETE 99.99 Ps 
INFLUENCE DE LA DEFORMATION ET DE LA RESTAURATION APRES ECROUISSAGE 


P. LELONG et J. HERENGUEL 


Centre de Recherches d’Antony (Seine) France 


Regu le 12 janvier 1959 


Des monocristaux et des échantillons polycristallins 
daluminium de pureté 99.99 % corroyé ont été 
soumis & des essais de corrosion par l’eau au-dessus 
de 100°C. Par des examens micrographiques, les 
principaux mécanismes d’attaque ont été identifiés et 
leur cinétique étudiée. On observe: 


1) La formation d’un film uniforme sur toute la 
surface et, comme il avait déja été montré, dans les 
joints de grains. 


2) Une attaque désordonnée avec piqtires; celles-ci 
apparaissent d’abord sur le réseau de “‘réticulage”’ 
(trace de la texture dendritique de solidification) et 
dans les joints de grains. L’influence de la répartition 
des traces d’éléments étrangers est mise en évidence 
méme sur ce métal de haute pureté. 


Le phénoméne d’agrandissement des éprouvettes 
plates pendant la corrosion se retrouve sur les mono- 
cristaux comme il avait été noté sur les polycristaux. 
Comme dans le cas de l’oxydation du zirconium par 
Vair & chaud, le métal flue sous l’action des tensions 
appliquées par l’oxyde au front d’attaque. 

L’écrouissage tend a diminuer la vitesse de corrosion 
et atténue ou empéche l’agrandissement; toutefois il 
ne parait modifier en rien l’attaque sélective des joints 
de grains. Des chauffages 4 différentes températures 
des éprouvettes écrouies montrent que celles-ci ne se 
comportent a nouveau totalement comme du métal 
polyeristallin recuit, qu’&a apparition des premiéres 
manifestations de la recristallisation proprement dite. 


Monocrystalline and polycrystalline specimens of 
high-purity aluminium (99.99 %), prepared from 
wrought metal, were subjected to corrosion by water 
at temperatures above 100°C. By wmicrographic 
examination, the principal mechanisms of attack 
have been identified and their kinetics studied. It is 
observed that: 


1) A uniform film is first formed over the whole sur- 
face and, as previously shown, in the grain boundaries. 
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2) Anirregular type of attack follows, accompanied 
by pitting; the latter first outlines a network pattern 
(trace of the dendritic solidification texture) and 
appears in the grain boundaries, hence the influence of 
the impurity distribution is revealed even in this 
high-purity metal. 


The growth phenomenon previously observed with 
polycrystalline sheet specimens during corrosion also 
occurs with monocrystalline specimens. As in the case 
of the air-oxidation of zirconium, the metal creeps 
under the influence of the tension produced at the 
metal-oxide interface. 

Cold-working tends to reduce the corrosion rate and 
attenuates or prevents specimen growth; however, it 
does not appear to diminish the selective attack of the 
grain boundaries. Heat treatment of the cold-worked 
specimens at different temperatures produces a 
progressive change in corrosion behaviour, but it is 
not until the first recrystallized grains appear that 
the corrosion behaviour again approximates to that 
of fully-annealed metal. 


Ein- und Vielkristalle aus Reinstaluminium (99.99 %) 
wurden Korrosionsversuchen in Wasser oberhalb 
100° C unterworfen. Durch mikroskopische Unter- 
suchung wurden die hauptsachlichen Angriffsmecha- 
nismen erkannt und deren Kinetik studiert. Man 
findet : 


1) Eine gleichmassige Schicht auf der ganzen 
Oberflache und, wie schon bekannt, an den Korn- 
grenzen. 


2) Einen ungleichmassigen Angriff durch Atz- 
gruben: diese bilden sich anfangs auf einem Netzwerk 
(Spur der dendritischen Erstarrungstextur) und an 
den Korngrenzen. Der Einfluss der Verunreinigungen 
macht sich also sogar in diesem hochreinen Metall 
bemerkbar. 


Das Wachstum der Probenplattchen wahrend der 
Korrosion, wie schon bei Vielkristallen bekannt, 
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wurde auch im Falle der Hinkristalle gefunden. Wie 
auch bei der Oxydation des Zirkons, fliesst das Metall 
unter der Zugspannung die vom Oxyd an der Angriffs- 
front herriihrt. Verformung vermindert den Angriff 
und vermindert oder verhiitet das Wachstum; der 


Introduction 


Ste-Claire-Deville, décrivant en 1859, dans 
un travail magistral!), les propriétés générales 
de l’aluminium, annongait que ce métal “est 
peu attaqué par la vapeur d’eau a température 
élevée”. Guillet et Ballay, reprenant ces 
essais en 1929 2), précisaient, dans le domaine de 
température de 300 a 350° C, Vinfluence con- 
sidérable du degré de pureté: le métal de titre 
99.87 était attaqué assez fortement, alors qu’on 
observait une résistance tout 4 fait remarquable 
avec le métal de pureté plus basse. L’influence 
d’éléments d’addition, méme en faible quantité, 
était donc clairement mise en évidence dés cette 
époque. 

Ces propriétés, laissées sans application du 
fait de la résistance mécanique médiocre de 
Valuminium a ces températures, furent recon- 
sidérées avec soin lorsque le probleme du gainage 
de combustibles nucléaires pour piles refroidies 
a Peau fut posé. De nombreuses études préci- 
serent alors l’influence de la pureté sur la tenue 
a eau a l’état liquide au-dessus de 100° C 3-8), 
M. J. Lavigne ’) mettant en lumiere le caractére 
intergranulaire de l’attaque. 

Un phénoméne nouveau a en outre été décrit 
par H. Coriou, L. Grall et J. Huré 8): ’agrandis- 
sement d’éprouvettes plates sous l’action de 
Vattaque, comme cela se produit aussi dans le 
cas de l’oxydation du zirconium par lair a 
température élevée 9 1°), Les principaux méca- 
nismes d’attaque ont été ensuite analysés "1: 12) 
et le phénomeéne d’agrandissement reconnu sur 
des monocristaux 18-16), ce qui le place sous la 
dépendance du fluage. 

Enfin, la trés grande influence de la répartition 
des additions a été reconnue et étudiée, la 
dispersion souhaitable pouvant étre réalisée par 
des processus variés 17; 18), 

Le présent travail précise ensemble des 
mécanismes d’attaque dans le cas des éprou- 


Korngrenzenangriff wird aber auf keine Weise 
beeinflusst. Wenn verformte Proben erhitzt werden, 
verhalten sie sich erst dann in jeder Hinsicht wie 
geglihtes vielkristallines Metall, wenn die ersten 
rekristallisierten K6rner erscheinen. 


vettes mono et polycristallines d’aluminium de 
pureté 99.99, et donne les résultats de étude 
récente de l’influence de l’écrouissage et de la 
restauration. 


1. Nature et Préparation des Eprouvettes 


1 


Des cristaux uniques ont été préparés a partir 
de tdles laminées de 2.5 mm d’épaisseur en 
aluminium de pureté 99.99 %, par la méthode 
d’écrouissage critique de Carpenter et Elam. 

Dans certains de ces monocristaux, on a 
découpé avec soin des éprouvettes identiques 
de 18.510 mm, avec lesquelles des séries 
dexpériences de différentes durées et a diffé- 
rentes températures ont été réalisées. 

D’autres monocristaux ont été amincis jusqu’a 
lépaisseur 1 mm, par dissolution dans un bain 
de brillantage chimique ®), pour étudier le 
phénoméne d’agrandissement sur des éprou- 
vettes suffisamment plates. 

Pour toutes les éprouvettes découpées a partir 
de cristaux uniques, un recuit de 24 h a 600° C 
avec montée lente 4 température (15°C a 
Vheure) a été réalisé, pour éliminer toute trace 
d’écrouissage. 

Enfin, par 
laminage unidirectionnel; la réduction relative 
d’épaisseur a été de 200 % [((H—e)/e) x 100]. 
Des éprouvettes de 2010x0.9 mm y ont 
ensuite été découpées. Certaines d’entre elles 
ont subi, dans |’état écroui, action de l’eau a 
différentes températures pendant des temps 
variables, tandis que d’autres ont été soumises 
au préalable a des chauffages de 1 h a des 
températures échelonnées entre 280 et 600° C. 


EPROUVETTES MONOCRISTALLINES 


un monocristal a été écroui 


1.2. KEPROUVETTES POLYCRISTALLINES 


Des éprouvettes de 30x30 mm ont été 
découpées dans de la tdle en aluminium de 
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pureté A9, obtenue par un laminage a froid de 
300 % [((H—e)/e) x 100]. 

Les éprouvettes pour examen dans l’état 
recristallisé ont été chauffées 1 h a 340° C, 
température a laquelle le métal de haute pureté 
peut étre considéré comme entiérement recris- 
tallisé. 

Pour étudier l’influence de |’écrouissage, une 
autre téle de métal recristallisé a été laminée 
de 1.5 mm aux épaisseurs indiquées dans le 
tableau 1. 


TABLEAU 1 


Epaisseur finale Taux de réduction par laminage 
en mm Bere x 100 
IES 0% (Etat recuit) 
1 50 % 
0.75 100 % 
0.5 200 % 


2. Conditions d’Exposition 4 l)7Eau Chaude 


Les expériences ont été faites dans des 
creusets en alumine frittée, recouverts par un 
couvercle, et placés dans des autoclaves en acier 
inoxydable. Toutes précautions ont été prises 
pour éviter les risques d’effets galvaniques ou 
de contamination de l’eau. Celle-ci était de Peau 
échangée, non dégazée avant lexpérience; sa 
résistivité moyenne était comprise entre 3 x 105 
et 10105 ohm/cm et son pH entre 5.5 et 6.5. 

Les durées d’expérience ont été comptées a 
partir de la fin de mise a température, soit 
15 a 30 mm apres fermeture de |’autoclave. 


3. Corrosion des Monocristaux 


A mesure que la corrosion progresse, on 
observe, avec des cristaux uniques de 2.5 mm 
d’épaisseur, la succession des trois modes 
d’attaque maintenant bien connus 14): 


3.1. FORMATION D’UN FILM HOMOGENE, TRANS- 
PARENT ET CONTINU 


Ce film, qui se forme dés le début de l’attaque 
et progresse avec un front d’oxydation rectiligne, 
recouvre toute la surface de l’éprouvette. 

Son aspect et ses propriétés peuvent étre 
comparés a ceux des films produits par oxyda- 


tion anodique dans l’acide sulfurique. On peut 
les résumer ainsi: 

Transparence, continuité, comme pour les 
films anodiques; 

Dureté un peu plus faible; 

Tension de claquage élevée, du méme ordre 
de grandeur que celle des films anodiques; 

Insensibilité aux colorants comme pour les 
films d’oxydation anodique colmatés. Ceci 
résulte du degré d’hydratation assez élevé de 
ces films. (L’étude aux rayons X faite par 
H. Coriou, L. Grall et J. Huré révéle la présence 
de bohmite comme dans le cas d’un film anodique 
fixé a l’eau bouillante.) 

Résistance chimique élevée, un peu supérieure 
a celle des films anodiques. On sait que des 
films de bohmite, formés dans l’eau chaude, ont 
déja été utilisés pour la protection contre la 
corrosion 2°), 

L’épaisseur de ce film, lorsqu’il se produit 
seul, peut atteindre 30 mw environ, comme le 
montrent les chiffres du tableau 2 (Voir p. 63). 
La fig. 1 montre l’aspect d’une éprouvette 
monocristalline exposée 20 h a l’action de l’eau 
a 165°C: son aspect, sous le film uniforme, 
apparait clair et brillant. 


3.2. FORMATION DE ZONES D’ATTAQUE PAR 


PIQURES 
Lorsque l’attaque se poursuit, on voit appa- 
raitre des piqdres qui se substituent a la crois- 
sance réguliére du film continu. 


ioe 
transparent et continu, par action de l’eau & 165° C 
pendant 20 h. G: x 3. 


Monocristal recouvert d’un film homogéne, 
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laquelle les piqires commencent a s’étendre. 
Par la suite elles se généralisent a toute la 
surface qui apparait alors grise et dépolie 
(fig. 5) et la coupe montre une frontiére “en 
dents de scie’’ entre les deux types de film 
(fig. 6). On retrouve encore sur la fig. 5 les 
contours cellulaires et les stries a lintérieur 
de chaque cellule. Le motif de répartition 
de ces points préférentiels d’attaque désor- 
donnée est en fait le réticulage 21, 22, 23), comme 
Pétablit la comparaison des figs. 7 et 8. Sur la 
premiere on voit l’aspect de la surface d’un 


| Fig. 2. Réseau cellulaire de piqtires apparu sur un monocristal attaqué par l’eau, 10 h a 205° C, 
monocristal attaqué 20 h & 205°C. G: x 3. la seconde représentant, en fond noir, la méme 


a) Elles se manifestent tout d’abord en 
formant des contours cellulaires nettement 
visibles sur la fig. 2. 

b) Elles s’étendent ensuite suivant un motif 
— dont lorientation et l’arrangement sont parti- 
culiers a chacune des cellules. La micrographie 
de la fig. 3 et la coupe correspondante de la 
fig. 4 montrent Vaspect d’une éprouvette sur 


Fig. 5. Aspect de la surface d’une monocristal 
entiérement recouvert de piqtires désordonnées. On 
retrouve le motif inter- et intra-cellulaire. G: x 2.5. 


Fig. 3. Motifs différents de piqtres, répartis de part 
et d’autre d’une frontiére de cellule. Monocristal 
attaqué 5 h @ 220°C. G: x 50. 


Fig. 4. Coupe de l’éprouvette de la fig. 3.G: x 190. Fig. 6. Coupe de l’éprouvette de la fig. 5. G: x 150. 


PrP. LELONG ET 


Fig. 7. Motif d’attaque par piqtires, visible sur la 
surface d’un monocristal attaqué pendant 10 h par 
eam 20 5c C2G ei. 


plage oxydée anodiquement (50 w d’alumine) 
apres enlévement, par polissage mécanique, de 
la couche superficielle de produits de corrosion. 
L’attaque par leau se révele ici comme un 
moyen plus sensible encore que Voxydation 
anodique, pour mettre en évidence, sur le métal 
de pureté élevée, le motif du réticulage a la fois 
dendritique et intergranulaire. 


3.3. 


Aux endroits ot les piqtres ne se développent 


FORMATION DE CUVETTES AVEC BCAILLAGE 


Fig. 8. 
anodique de la méme plage que celle de la fig. 7. 
GaPalin 


Motif de réticulage, révélé par Voxydation 


J. 


HBERENGUEL 


Fig. 9. Attaque “‘en cuvettes’” sur un monocristal 
soumis & l’action de eau a 220°C pendant 20 h. 
G: x 50. 


pas ou lorsque le temps est suffisamment 
prolongé, on assiste a la formation de cuvettes 
tout a fait analogues a celles qui ont été obser- 
vées avec le zirconium oxydé par lair a chaud. 

Dans les cuvettes, ’oxydation progresse avec 
rapidité, et le film s’écaille superficiellement 
(fig. 9): il s’agit d’un véritable “break away” 24). 
Entre les cuvettes, les promontoires restent avec 
une attaque par piqtres. 

Parfois, des cuvettes moins profondes peuvent 
se former en des zones ou se poursuit l’attaque 
désordonnée par piqtres (fig. 10). 

Pour résumer, on peut schématiser sur la 


ot 
Fig. 10. Zones d’attaque relativement plus faible 
ou le film est désordonné. De part et d’autre (a et b) 


le film est homogéne et progresse plus rapidement. 
G: x 50. 


— At 
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ios le 
sifs de l’attaque rencontrés a la surface des mono- 
cristaux. 


Schéma montrant les divers aspects succes- 


fig. 11 les divers aspects de l’attaque qui se 
succédent a la surface des monocristaux: 


(1) 

(2) Film du début uniforme.et compact, 
avec piqtres plus ou moins étendues; 

(3) Cuvettes et lamelles de film compact, et 
sommets avec piqtires; 


(4) Cuvettes et lamelles de film compact et 
de film avec piqires. 


Film du début uniforme et compact seul; 


Il est difficile de donner des valeurs des 
profondeurs de l’attaque, compte tenu de cette 
diversité et des pénétrations locales plus ou 
moins rapides. Cependant, il nous a paru signi- 
ficatif de noter, pour les températures de 165, 
205 et 220° C et diverses durées, les valeurs des 
maxima correspondant a chacun des modes 
dattaque: film uniforme (a) et film avec 
piqures (b), accompagnés éventuellement d’écail- 
lage. Le tableau 2 résume les résultats de ces 


63 


mesures pour une face cristalline choisie au 
hasard faisant avec les plans (100) les angles 
de 40, 51 et 84°: les différences de profondeur 
de pénétration de l’attaque par les divers 
mécanismes y apparaissent clairement. 


4. Corrosion des Agrégats Polycristallins 


Avec les échantillons polycristallins recuits a 
grains fins (chauffage de 1 h a 340° C), on 
retrouve deux des processus d’attaque observés 
avec les monocristaux, mais la présence du 
joint de grains, siege d’une attaque préféren- 
tielle, contribue & donner a la corrosion un 
caractere particuliérement grave qui conduit a 
la destruction de l’éprouvette sans que l’attaque 
“en cuvette” ait eu le temps de se manifester. 

Les processus d’attaque des polycristaux sont 
alors les suivants !4): 


4.1. FORMATION D’UN FILM HOMOGENE 


Celui-ci prend naissance des le début de 
Vattaque comme dans le cas des éprouvettes 
monocristallines. La vitesse de croissance est 
toutefois plus faible, comme permet de le 
constater la comparaison des chiffres du tableau 3 
avec ceux du tableau 2, pour la température de 
165° C par exemple. De plus, dans le cas des 
polycristaux a grains fins, elle s’amortit beau- 


TABLEAU 2 


Valeurs des maxima correspondant & chacun des modes d’attaque schématisés sur la fig. 11. Eprouvette 
monocristalline. Etat recuit 


Geaainensid’ex potion Epaisseur du film ou profondeur d’attaque 
(u) > 
Température Durée 1 2 3 4 
(°C) (h) a b a b a | bp a b 
165 10 20 0 4 
20 30 0 
30 35 10 | 
205 10 60 30 
20 100 80 230 80 
220 5 90 25 a 50 
10 130 60 130 115 
20 500 a 750 400 500 a 750 400 
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TABLEAU 3 


Valeurs de la pénétration de la corrosion par les trois modes d’attaque, pour les échantillons polyeristallins recuits 


nn 


Conditions d’exposition Epaisseur Epaisseur Profondeur de 
du film du film pénétration 
Température | Durée uniforme avec piqtires | intergranulaire 
ae h lu bu 7 
165 5 1.5 0 13 
10 9 3a 4 28 a 30 
15 ll 6 a7 60 a 65 
30 10 a 12 20 a 25 180 a 190 
180 2 5 55 0 
5 6 a7 80 - 7 
10 7 125 10 
20 7 140 42 


coup plus rapidement et s’annule finalement 4.2. ATTAQUE INTERGRANULAIRE 
pour une épaisseur limite de 7 a 12 w suivant 
les séries d’essais. 


La forme de corrosion est la méme qu’en 
surface, mais l’attaque péneétre le long des joints 
de grains, donnant un aspect qui rappelle le 
phénoméne de maillage 25) observé apres oxyda- 
tion anodique d’alliages Al-Mg_ précipités 
(fig. 12). 

Cette attaque intergranulaire entraine les 
conséquences suivantes: 


effet de coin au fond de la fissure: 
dégagements gazeux avec formation de pus- 
tules en relief (fig. 13); 


e : 
Fig. 13. Attaque intergranulaire profonde et forma- 
Fig. 12. Aspect en coupe et en plan d’une éprouvette tion d’une poche de gaz sur une éprouvette exposée 


ayant subi l’action de Peau & 180° C pendant 2 heures. 30 h dans l’eau & 165° C. Polissage mécanique seule- 
G: x 375. MENt eG aecouos 


Kf abwtiod 


ESSAIS DE CORROSION 


Fig. 14. Soulévement d’un grain provoque par 

VPoxydation intergranulaire sous-jacente. Le film est 

rompu de part et d’autre du grain qui, isolé de l’ame, 

n’a pas subi le polissage électrolytique. Attaque de 
15 ha 165°C. G: X 525. 


déchaussements de grains soulevés par loxy- 
dation sous-jacente (fig. 14); 
dislocation générale de l’échantillon. 


4.3. ATTAQUE PAR PIQURES 


Au bout d’un certain temps, qui dépend de la 
température, apparaissent les piqtres globu- 
laires conduisant 4 la formation du film dés- 
ordonné. L’apparition de ces piqtires se produit 
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Fig. 16. Eprouvette soumise au méme traitement 
que celle de la fig. 15, mais pendant 20 h. Attaque 
par piqtres généralisée. G: x 375. 


toujours sur le réseau de réticulage inter- 
granulaire (trace du joint de grains de solidifi- 
cation), mais elle se manifeste surtout sur les 
bords du fossé intergranulaire actuel, comme le 
montre la fig. 15. 

L’attaque avec piqtres s’étend ensuite 4 toute 
la surface qui devient uniformément grise, 
comme sur la fig. 16. La coupe de la méme 
éprouvette, fig. 17, montre qu’elle se poursuit 
sous le film uniforme aussi bien dans le joint 
qu’en surface. 


Jigen Nay, 


Aspect d’une 
en aluminium 99.99 % soumise a l’action de eau a 
180° C pendant 10 h. Début d’apparition de l’attaque 
avec piqtres. G: xX 375. 


éprouvette polycristalline 


Fig. 17. Coupe micrographique de l’éprouvette de 
la fig. 16. Dans les joints de grains comme en surface, 
Vattaque avec piqtres se manifeste sous le film uni- 
forme. Remarquer en outre la poche de gaz. G: x 375. 
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PENETRATION INTERGRANULAIRE 
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Fig. 18. Cinétique de croissance et de pénétration 


par les trois processus élémentaires d’attaque de 
Valuminium 99.99 % polycristallin recuit @ grains fins, 
pour la température de 165° C. 


Les mesures de la profondeur de pénétration 
par les trois processus sont reportées dans le 
tableau 3 (p. 64) pour les températures de 165 et 
180° C. Les courbes des fig. 18 et 19 traduisent 
ces chiffres. Leur comparaison met clairement 
en évidence l’influence de la température sur la 
rapidité des phénomeénes. 

Elles permettent en outre d’établir les rela- 
tions chronologiques dans le développement 
simultané des trois mécanismes: 


Lorsque lVattaque avec piqtires commence a 
se développer, la croissance du film uniforme 
est ralentie puis arrétée. 

Alors que, pour les températures relativement 
basses ou les temps courts, la pénétration inter- 
granulaire se poursuit apparemment sans aucun 
ralentissement, on observe au bout d’un certain 
temps, pour des températures suffisantes, un 
freinage de l’attaque intergranulaire et une 
accélération simultanée de la corrosion dés- 
ordonnée avec piqtres }%). 


Il semble done que l’attaque par piqtires 
provoque un trouble dans la progression des 
autres processus. Tout se passe comme si les 
conditions locales de | oxydation étaient modi- 
fiées et que seule l’attaque par piqires puisse se 
poursuivre librement. Ceci est encore plus 
sensible aux températures plus élevées. La 
coupe de la fig. 20 représente une éprouvette 
attaquée 5 h 4 205° C. On peut voir le film de 
surface épais et désordonné, avec quelques 
desquamations locales, tandis que la péné- 
tration intergranulaire, quoique profonde, est 
moins grave qu’on aurait pu le craindre. 
L’attaque désordonnée avec piqures est devenue 
le phénomeéne prédominant presque dés le début 
de loxydation. Nous verrons ultérieurement 
qu’elle est associée a lagrandissement des 
éprouvettes. 
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Fig. 19. Cinétique de croissance et de pénétration 

par les trois processus élémentaires d’attaque de 

Paluminium 99.99 % polycristallin recuit & grains fins, 
pour la température de 180° C. 


HEURES 
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PO ee 


Fig. 20. Coupe d’une éprouvette ayant séjourné 5 h 


dans Peau & 205°C. G: x 50. 


5. Agrandissement des Eprouvettes pendant la 
Corrosion 


L’un des faits les plus surprenants qui avait 
été observé par H. Coriou, L. Grall et J. Huré 
des le début de V’étude fut de constater qu’a 
partir de 200° C environ les éprouvettes plates 
subissaient un agrandissement de surface parfois 
considérable. La fig. 21 représente un échan- 
tillon polycristallin de dimensions initiales 
30x30 mm (épaisseur 1 mm), agrandi par 
action de Peau a 210° C pendant 15 heures. 

L’une des causes de ce phénomeéne peut étre 
attribuée a lattaque intergranulaire et au 
gonflement en passant du métal a Voxyde 
hydraté. Toutefois quelques observations que 
nous avons faites laissent penser que l’effet de 
coin n’est pas seul en cause: 


1°) Le caleul de Pagrandissement, basé sur 
Vimportance du gonflement qu’on peut évaluer 
lorsque des grains sont complétement déchaussés 
et soulevés (fig. 14), et sur le nombre de joints 
traversés a Vunité de longueur, conduit a des 
valeurs nettement inférieures a celles qu’on 
observe en fait 12). 

2°) Des examens micrographiques montrent 
un canal médulaire dans les joints (fig. 22), 
difficilement compatible avec l’existence d’une 
compression (sauf au fond de la fissure). 

3°) L’attaque intergranulaire se manifeste 


dés les températures basses, tandis que l’agran- 
dissement ne se produit qu’au-dessus d’un seuil 
précis de température, comme le montre la 
courbe de la fig. 23, établie par H. Coriou, 
L. Grall et J. Huré au cours de leur étude sur 
Vinfluence de la température de l’eau 8). En 
fait, ’agrandissement parait associé au dévelop- 
pement du processus d’attaque avec piqires; 
au-dela de 200° C, celui-ci devient en effet pré- 
dominant, comme on l’a vu précédemment. 

Les monocristaux manifestent aussi un agran- 
dissement, mais moins important que les agré- 
gats polycristallins, ce qui montre que les joints 
ne sont pas nécessaires a l’agrandissement, mais 
quils ’amplifient. Pourvu que la température 
soit suffisamment élevée ou le temps suffisam- 
ment long, les monocristaux plats s’agrandissent 
comme le montre la fig. 24, relative a des 
monocristaux de 1 mm d’épaisseur. 

La valeur de l’agrandissement linéaire est 
fonction de Vorientation du cristal; suivant 
celle-ci, on l’a trouvée en effet échelonnée entre 
5 et 20 %, pour 10 h & 270°C. Ces différences 


Fig. 21. Aspect aprés attaque par Veau & 210°C 

pendant 15 h d’un échantillon carré polycristallin en 

aluminium 99.99 °% recristallisé. Dimensions initiales 
de l’échantillon: 30 x 30 mm. 


(Doc. H. Coriou, L. Grall, J. Huré). 
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Fig. 22. Coupe micrographique d’un joint entre 
deux gros cristaux ayant subi l’action de Veau a 
220° C pendant 15 h. G: x 200. 


sont associées & une anisotropie simultanée de 
sa vitesse d’attaque, comme le montrent les 
chiffres du tableau 4. 


TABLEAU 4 


Hpaisseur du film par face Agrandissements 


(en dehors des zones d’écaillage) linéaires 
200 & 225 u BS Gy YS 
300 a 400 w Grane 9, 


Les tensions appliquées a V’interface par le 
gonflement a loxydation restent la seule cause 
de l’agrandissement des éprouvettes mono- 


cristallines en aluminium, comme elles le sont 
& Voxydation du zirconium par lair a chaud 
qui se fait, on le sait, sans pénétration inter- 
granulaire 9 1°), 


100 
75 
° 
Ss 
x 
50 Llo 
25 
0 ° ° ° ° ° 
100 140 180° 195° 210 
TEMPERATURE °C 
Fig. 23. Influence de la température de l’eau sur 


Vaugmentation relative de surface d’éprouvettes 
polyceristallines & grains fins en aluminium recuit, 
d’épaisseur 1 mm. 


(Doe. H. Coriou, L. Grall, J. Huré). 


Fig. 24. Photogrammes montrant les agrandisse- 

ments subis par 3 monocristaux de 1 mm d’épaisseur 

au cours de la corrosion dans l’eau & 270° C pendant 

10 h. En haut: avant exposition & l’eau. En bas: 
aprés 10 h dans leau & 270°C. G: x §. 
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22 h 44 h 66 h 


Etat initial: Restauré aprés découpage. 


66 h 


22 h 44h 


Etat initial: Brut de découpage. 


Fig. 25. Influence d’un trés faible écrouissage 


produit par découpage sur le comportement d’un 
monocristal en aluminium A9. Température de l’eau: 
220° C, durée: 22 a 66 h. G: x 1. 


6. Influence de l’écrouissage et de chauffages 
ultérieurs 


6.1. CaS DES MONOCRISTAUX 


L’influence de l’écrouissage a été étudiée par 
deux séries d’expériences: 


a) Pour étude de linfluence des écrouis- 
sages faibles, des éprouvettes de 207.5 mm 
ont été découpées dans un cristal unique de 
2.5 mm d’épaisseur. Une moitié d’entre elles 
a été soumise, avant essai, 4 un traitement de 
restauration cristallographique avec montée 
lente a température, tandis que lautre moitié 
a subi l’essai de corrosion a l’état brut de 
découpage, c’est-a-dire légerement écroui. 

Le résultat de l’essai de corrosion & 220° C, 
pour des temps variables, est représenté sur la 
fig. 25. On voit nettement que le faible écrouis- 
sage diminue la vitesse d’agrandissement. Des 
mesures sur coupes micrographiques ont montré 
qu il en était rigoureusement de méme pour les 
vitesses d’attaque, c’est-a-dire que les deux 
phénomeénes sont étroitement liés. 


b) Pour la recherche de Vinfluence des 
écrouissages élevés, des prélevements du mono- 
cristal écroui de 200 % par laminage ont été 
soumis aux essais dans diverses conditions, en 
comparaison avec des prélévements recuits du 
méme cristal initial. 

Les expériences ont montré que l|’écrouissage 
élevé diminuait légérement la vitesse de corro- 
sion et surtout qu’il modifiait profondément le 
processus de progression de lattaque. On 
n’observe plus, comme avec le cristal recuit, 
d’écaillages locaux importants, en relation avec 
la forme en “cuvettes’’. 

Au film homogéne, souvent réduit a une 
faible épaisseur, succéde une attaque avec 
piqires qui progresse de facon réguliére, comme 
le montre par exemple la fig. 26. 

Aucun agrandissement n’est cependant ob- 
servé sur ces échantillons d’épaisseur 0.9 mm, 
tout au moins jusqu’a 220° C, alors que, dans 
les mémes conditions, il est de quelques pour 
cent sur les monocristaux recuits. 

Ces différences entre le cristal recuit et le 
cristal écroui paraissent ne devoir étre attri- 
buées qu’aux propriétés particuliéres conférées 
par l’écrouissage, sans que nous puissions, pour 
le moment, connaitre le réle de larrangement 


structural proprement dit et celui de la simple 
augmentation de la résistance au fluage (super- 


Fig. 26. Monocristal écroui de 200 % par laminage 
puis soumis @ la corrosion 10 h a 205°C. G: x 375. 
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ficiel ou généralisé). Nos études continuent a ce 
sujet. 

c) L’influence de chauffages apres écrouis- 
sage a été étudiée sur des prélevements du méme 
monocristal écroui de 200 %, chauffés 1 h aux 
températures suivantes: 280, 310, 325, 340 et 
600° C. 

Les résultats des essais ont montré qu’a 280 
et 310° C, l’éprouvette se comportait encore a 
peu prés comme le métal écroui, avec toutefois 
un retard dans l’apparition de l’attaque dés- 
ordonnée, le film uniforme progressant plus 
longtemps (fig. 27). A ces températures, on 
pense généralement que l’aluminium de haute 
pureté écroui de 200 % est recristallisé: des 
diagrammes de Laue ont montré toutefois des 
taches encore tres diffuses, prouvant que la 
recristallisation est encore trés imparfaite. 

A partir de 325° C toutes les manifestations 
de l’état polycristallin recuit, avec la succession 
des différents processus et Vattaque profonde 
des joints, commencent a apparaitre (fig. 28). 


6.2. 


Comme il a été dit, on a observé |’influence 
d’écrouissages, par laminage, de 50, 100 et 
200 %. 

L’importance du facteur écrouissage diminue 
relativement, avec les polycristaux, du fait de 
Vattaque intergranulaire qui se produit toujours 
avec le métal écroui. Bien plus, l’aire interne 
de joints par unité de volume augmente au 
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Fig. 27. 


d’un monocristal écroui de 200%, puis chauffé 
lh a 310°C. G:x190. 


Aspect aprés 5 h de corrosion & 220°C 
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Fig. 28. 


Aspect aprés 5 h de corrosion a 220° C 
d'une éprouvette identique a celle des figs. 26 et 27, 
mais chauffée 1 h a 340°C. G: x 110. 


cours du laminage, et les joints se rapprochent 
en outre perpendiculairement au plan de 
laminage; il en résulte une plus grande facilité 
dattaque, qui vient compenser partiellement le 
ralentissement di a l’écrouissage. Toutefois, un 
certain gain est malgré tout conservé. Il se 
manifeste en particulier par la suppression de 
VPagrandissement. 

L’évolution de ’agrandissement par chauffage 
du métal écroui a été étudiée par H. Coriou, 
L. Grall et J. Huré, qui ont établi les courbes 
de la fig. 29. 

On voit qu’au-dessous de 300°C, le métal 
résiste aux contraintes appliquées par l’oxyde; 
au-dela il céde et s’agrandit. 


7. Conclusions 


L’attaque de l’aluminium de haute pureté 
par l'eau a température élevée se produit par 
deux processus successifs : 


Formation d’un film homogéne d’alumine; 
Attaque par piqdires généralisées. 


Les joints des grains des échantillons poly- 
cristallins sont en outre attaqués sélectivement. 
Comme dans le cas du zirconium oxydé a 
Vair, le fluage du métal joue un réle important. 
Les tensions eréées & linterface métal-oxyde 
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390° 440° 
TEMPERATURE °C 


190° 


240° 290° «340° 


Fig. 29. Relation entre la température de chauffage, 
aprés écrouissage de 300 %, et le phénoméne d’agran- 
dissement, pour de lV’aluminium A9_polycristallin, 
soumis a l’action de eau a 210°C pendant 15 h. 


(Doe. H. Coriou, L. Grall, J. Huré). 


entrainent, suivant la température et l’épaisseur 
des éprouvettes, deux effets: 


Un agrandissement pour les épaisseurs faibles, 
amplifié par la présence de joints intergranu- 
laires ; 

Une ondulation de l’interface pour les épais- 
seurs fortes, perceptible pour les cristaux de 
dimension suffisante. 


Dans ce dernier cas, il se produit des “‘cuvet- 
tes” avec desquamation périodique d’un film 
homogéne, et la corrosion se propage rapide- 
ment: c’est un véritable “break away” 24) de 
Valuminium. 

Sur les grands cristaux, la localisation des 
cuvettes est en relation avec le motif de répar- 
tition des impuretés ultimes du métal, c’est-a- 
dire le réseau de réticulage. Celui-ci reste rela- 
tivement protégé, les piqtres succédant préco- 
cement au film homogéne initial. 

L’écrouissage, en retardant eu en supprimant 
les manifestations du fluage superficiel ou 


généralisé (cuvettes ou agrandissement), a un 
effet protecteur. Cet effet persiste tout le temps 
qu’une partie au moins de l’écrouissage est 
conservée, et notamment pour les états res- 
taurés: il ne diaprait que lors de la recristalli- 
sation proprement dite. 

La résistance au fluage d’un métal soumis a 
une attaque a chaud apparait comme un 
facteur décisif vis-a-vis de la possibilité d’auto- 
protection: il faut l’ajouter a la condition 
énoncée par Pilling et Bedworth 26). Toute 
amélioration de cette propriété contribue en 
fait & augmentation de la tenue a Vattaque a 
chaud: un simple écrouissage est a ce point de 
vue efficace, mais son effet ne peut étre que 
temporaire dans les conditions de service visées. 
Certaines additions agissent de la méme maniere, 
mais de fagon beaucoup plus stable: leur action 
mécanique s’ajoute a leur influence sur le 
comportement électrochimique ou chimique du 
meétal. 
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Specimens of beryllium which had received neutron 
irradiations up to an integrated fast flux of 1022 nvt 
have been examined after annealing at various 
temperatures. For beryllium which had received the 
maximum irradiation, the annealing treatments have 
resulted in significant decreases in overall density of 
the beryllium specimens, the density decrease being 
0.8 % and 20 % after annealing individual specimens 
for one hour at 595° C and 995° C respectively. The 
quantity of neutron-induced gases contained in the 
beryllium has been shown to be approximately 23 cm® 
gas per cm? metal for the integrated fast flux of 
1022 nvt. Analysis of the gas shows that it is mainly 
He+. Metallographic evidence confirms that the density 
decreases are a direct result of void formation in the 
metal; it is concluded that the voids contain He? at 
pressures high enough to cause growth of the voids 
at the annealing temperatures. The detailed results of 
the constituent analysis of the neutron-induced gas 
confirm that the greater part of the gas arises from 
the (n, 2n) capture reaction on beryllium. 


Des échantillons de beryllium, irradiés sous un flux 
intégré de neutrons rapides de 1022 nvt ont été 
examinés aprés recuit a différentes températures. Pour 
le beryllium qui a regu Virradiation maximum, les 
traitements de recuit ont provoqué une diminution 
significative de la densité globale. La diminution de 
densité était de 0.8 % et 20 % aprés recuit d’échantil- 
lons séparés d’une heure a 595° C et 995° C respective- 
ment. La quantité de gaz induite par les neutrons 


1. Introduction 


Although internal porosity in metals due to 
the introduction of some gaseous impurity into 
the metal has been studied for many years, 
a new problem of this type has arisen through 
the use of metals in neutron irradiation fields. 
In certain elements, neutron capture leads to 
the formation of inert gases or hydrogen isotopes, 
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dans le beryllium était approximativement de 23 cm? 
de gaz par cm? de métal pour un flux intégré de 
1022 nvt. L’analyse du gaz a montré que c’était 
principalement He‘*. L’examen métallographique con- 
firme que la diminution de densité est due directement 
& la formation de vides dans le métal. On en conclut 
que les vides contiennent He* a des pressions assez 
élevées pour causer la croissance des vides aux 
températures de recuit. Les résultats détaillés de 
analyse des gaz créés par les neutrons confirment 
que la plus grande partie des gaz provient de la 
réaction de capture (n, 2n) sur le beryllium. 


Berylliumproben welche eine integrierte Bestrahtung 
von 1022 nvt schneller Neutronen erhalten hatten, 
wurden nach Anlassen auf verschiedene Temperaturen 
untersucht. An Proben welche die grésste Neutronen 
dosis erhalten hatten, verminderte sich die Dichte 
deutlich; eine Stunde bei 595° C bzw. 995° C fuhrte zu 
einer Dichteabnahme von 0.8% bzw. 20%. Bei 
einer Neutronendosis von 1022 nvt wurden etwa 
23 cm? Gas pro cm? Gas gebildet; durch Gas- 
analyse ergab sich, dass dieses Gas hauptsachlich aus 
He* besteht. Metallschliffe zeigten, dass die Dichte- 
abnahme von einer Blasenbildung im Metall herrihrt; 
die Blasen mtissen das He* unter einem gentigenden 
Gasdruck enthalten, so dass sie bei hoher Temperatur 
wachsen. Die Analyse des vom Metal freigegebenen 
Gases beweist, dass der Hauptanteil des Gases von 
der (n, 2n) Berylliumreaktion herrihrt. 


the gaseous atoms being formed directly in the 
lattice of the metal or alloy. For many elements 
in which this neutron-induced gas formation 
occurs, either the cross section for the reaction 
is so small or the neutron energy required is 
so high that the actual quantity of gas produced 
is of doubtful significance from the practical 
standpoint. However, comparatively large 
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amounts of gas are produced through the 
fissioning of U235, the reactions of Lié and BU 
with thermal neutrons, and the reactions of 
Be® with fast neutrons. In general, the produc- 
tion of gas alone is not sufficient for porosity to 
result: the temperature of the metal or alloy 
must be high enough to allow both diffusion of 
the gas and plastic deformation of the material 
to occur. In this way gas bubbles can nucleate 
and grow into large voids. The technological 
problem posed by this neutron-induced porosity 
becomes important, therefore, when the metal 
component is used at elevated temperatures in 
a high neutron flux. Although the swelling of 
uranium through the growth of voids containing 
Xe and Kr is the best known example of this 
type of porosity !), it has been realized for 
some time?) that the quantity of neutron- 
induced gas produced in beryllium might result 
in significant porosity. 

Gas in beryllium is formed from the (n, 2n) 
and (n, «) capture reactions, the significant 
parts of the reaction chains being: 


(n,2n) Be®+n—> Be8+2n 
Be8 — 2He4 
(n, x) Be? +n + Heé + He4 


Hes © Lis 
Lié + n(thermal) — He*+ H3. 


The primary reaction in each chain requires 
neutron threshold energies of 2.70 and 0.71 MeV 
respectively. Sufficient nuclear data are available 
to permit an estimate of the quantity of gas 
that may be produced for any given irradiation: 
details of the calculation are presented in 
appendix 1. It is shown in the appendix that 
the (n, 2n) reaction may account for nearly 
90 % of the gas production, and that the total 
quantity of gas formed may be as much as 
2 cm? per cm? metal for an integrated fast 
flux + of 1021 nvt. The present work was 
undertaken to determine whether this amount 
of gas would cause swelling in beryllium at 
elevated temperatures, and also to determine 


t Fast flux will be taken to cover neutrons having 
energies above 1 MeV. 
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the quantity and type of gas present after a 
given irradiation. The latter information, apart 
from its value to the swelling problem, is of 
considerable interest in calculations of reactivity 
for reactors containing appreciable quantities 
of beryllium. 


2. Experimental Methods 


2.1 MATERIAL USED 


The beryllium available for study came from 
a shim rod which had been irradiated at 
temperatures below 100°C in the Materials 
Testing Reactor. The material had been fabri- 
cated from 200-mesh powder that was hot 
pressed in vacuo at 1050° C and 125 psi, giving 
metal with densities in the range 1.84—1.85 
g/cm? and a BeO content of approximately 1 wt 
°%4. Room temperature mechanical properties of 
the unirradiated metal are reported #) to be: 
yield strength (0.2 % offset) 23 000—25 000 psi, 
ultimate strength 35 000—36 000 psi, 1.4 % 
elongation in 1”. The section of beryllium 
received at Chalk River was a cube of approxi- 
mately 3” side. During irradiation, the intensity 
of thermal-neutron flux was quite uniform over 
the section, and it is estimated 4) that the 
value of integrated thermal flux was 2.8 x 1022 
nvt. The intensity of fast neutron flux received 
at any point in the section was essentially con- 
stant in two of three mutually perpendicular 
directions defined by the reactor geometry, but 
in the third direction varied across the piece by a 
factor of five 5); the energy spectrum of the fast 
neutron flux was constant across the piece. The 
nominal value of integrated fast flux was 
9.5 x 102! and 1.9102! for the high- and low- 
flux sides of the piece ¢). In the experimental 
work to be described, the samples investigated 
(about one gram in weight) were cut from both 
high- and low-flux sides of the piece. Since the 
flux values were not known to better than 
+ 20%, the total irradiations will simply be 
referred to as 1022 and 21021 nvt. 

It was quite obvious from the cutting proper- 
ties of the irradiated beryllium that significant 
embrittlement had occurred during irradiation. 
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2.2. 


Annealing was carried out in a dynamic 
vacuum system, at pressures of approximately 
10 mm Hg. The tube of the specimen holder 
was made of clear silica, any reaction between 
beryllium and silica being prevented by an 
internal molybdenum tube. The silica and 
molybdenum were degassed prior to moving the 
beryllium specimen into the molybdenum tube, 
this latter operation being carried out with a 
magnetic pusher to avoid breaking the vacuum. 
Specimens were cleaned with a chemical polish 
based on chromic acid, and it was established 
that the polish did not introduce hydrogen into 
the beryllium. 

Density measurements were carried out by 
weighing in air and in n-octyl alcohol. No 
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When the density decrease was below 5 %, 
measurements on individual specimens were 
reproducible to + 0.1 %. 
2.3. GAS ANALYSIS 

A schematic diagram of the gas-collection 
system is shown in fig. 1. The essential operation 
consisted of melting the beryllium in the 
furnace-tube assembly via induction heating, 
with the evolved gases being contained in the 
previously evacuated pyrex glass system. By 
measuring the pressure of gas in the system of 
known volume, the absolute quantity of gas 
was determined, and specimens of gas could 
then be placed in the transfer flasks for transpor- 
tation to the systems to analyse for separate 
constituents. In practice, a beryllium specimen 


TO VACUUM 


of 


ig ee le 
Key: 
A — Furnace tube assembly 
B — Specimen storage tube 
C — Pirani gauge 
D — Cold trap 
E — Mercury diffusion pump 


attempt was made to fill in the surface porosity 
of the annealed specimens, and, because of this 
porosity, different times were required for the 
immersed specimens to exhibit an equilibrium 
weight. Specimens which had undergone a 
density decrease of 5 % required only a few 
hours, but those whose density decrease was 
of the order of 20 % required several days. 


Schematic diagram of apparatus used in the gas collection experiments 


F — Dibutyl phthalate manometer 
G — McLeod gauge 

H — Toepler pump 

J — Transfer flask 

K —- Calibration flask. 


was placed in the shielded specimen storage 
tube, and the glass system degassed at a 
pressure of < 10-5 mm Hg. The furnace-tube 
assembly consisted of two alumina crucibles, 
one inside the other and separated at their 
bases by alumina beads, and contained in a 
silica tube. Beryllium melts at 1 284°C and, 
since in the gas removal temperatures of at least 


76 Creatine 


1 350° C were attained, it was not possible to 
degas the crucible assembly at temperatures as 
high as those which the inner crucible would 
eventually reach during melting. The degassing 
procedure followed was to maintain the furnace- 
tube assembly at 1 050° C for at least one hour 
at the degassing vacuum; subsequent analysis 
of the gas collected during the melting con- 
firmed that the degassing procedure was effec- 
tive for the purposes of this experiment. When 
degassing was completed, the beryllium speci- 
men was moved with a magnetic pusher from 
the storage tube into the inner crucible for 
melting. It was observed that the major portion 
of the gas was given off by the time the specimen 
had reached 1 200°C, but small additional 
amounts of gas were released as the specimen 
temperature went above 1 300°C. 

The problem of determining the quantities of 
inert gases in metals has been discussed in some 
detail by Churchman et al.’), and their con- 
clusions suggest that the most likely source of 
error in the above described experiment would 
be a failure to remove all the gas from the 
metal. As one test of the removal effiency, one 
of the melted specimens was maintained at 
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1 350° C for 10 minutes, during which period a 
significant amount of the beryllium evaporated 
from the crucible and condensed on the silica 
and attached pyrex glass. No further gas, 
however, was given off during this prolonged 
heating. As an additional expedient, a mercury 
diffusion pump was built into the system as 
shown in fig. 1. When the major part of the gas 
envolved from one specimen had been placed 
in a transfer flask, the specimen was remelted 
at a pressure, of < 10-5 mm Hg, but no signi- 
ficant amount of gas was obtained. In an 
attempt to obtain a blank value for the gas 
determination, a specimen of Brush reactor- 
grade beryllium was treated in a manner 
identical to the irradiated specimens. The 
quantity of gas so obtained was less than 
0.03 cm/cm?, whereas the smallest quantity 
of neutron-induced gas collected from any 
experimental specimen was 5.8 cm?. 

Two methods were used for constituent 
analysis: (1) a mass spectrographic method for 
Het, He®, H3, Oz, No, and to a lesser degree of 
accuracy for H3, COz and CO, and (2) a standard 
chemical method for COz, Ne, Oz, hydrogen 
isotopes (as a group) and helium isotopes (also 
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Density decreases resulting from annealing specimens of M.T.R. irradiated 


beryllium for periods of one hour. 


EFFECTS OF NEUTRON-INDUCED 


as a group). Apparatus suitable for an accurate 
determination of H? was not available. 


2.4. METALLOGRAPHY 


Two specimens of the irradiated beryllium 
were microscopically examined. The specimens 
were mounted, mechanically polished in a 
shielded dry box, and etched in a solution of 
4% HF in alcohol. 


3. Experimental Results 


1. ANNEALING EXPERIMENTS 


As already indicated, annealing of the irradi- 
ated beryllium, if carried out at a high enough 
temperature, resulted in an apparent decrease 
in density. The percentage density decrease for 
an anneal of one hour at different temperatures 
is given in fig. 2. Results are included for speci- 
mens from both the high- and low-flux sides. 
Except for the two cases noted, a new specimen 
was used for each temperature. Figs. 3 and 4 
show the density decrease as a function of 
annealing time at temperatures of 595° C and 
890° C respectively. Since the specimens were 
removed from the furnace for density measure- 
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ments at the times shown on the figure, the 
results represent a certain amount of thermal 
cycling combined with the otherwise isothermal 
annealing. 


3.2. 


Five different specimens were analysed for 
neutron-induced gas, three of these being cut 
from the high-flux side and two from the 
low-flux side of the section. The total gas 
content obtained from each specimen, along 
with the mass spectrographic analysis of the 
gas, is presented in table 1. The last column 
of table 1 presents the results of the calculation, 
described in appendix 1, of the gas content of 
the irradiated beryllium. Only four gases, He4, 
He?, H} and H? are shown in the analysis; 
Oz, Ne, COz and CO were not present in signi- 
ficant quantities. For the gas collected from 
individual specimens, the values given for He, 
He? and Hj} are probably accurate, relative to 
each other, to at least + 10 %, but the values 
given for H content could, on the basis of the 
mass-spectrometer calibration, be in error by 
a factor of 2. However, for specimens A and B, 
chemical analysis confirmed that the gas was 
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TABLE 1 


Gas content of irradiated beryllium 


Irradiation Experimental Theoretical 
fast flux nvt 2 1021 | 1022 1022 
Specimen No. A | B | C | D | ET 
Total gas content | | | 
(em? gas/em? metal) 5.2 5.5 23.5 24 18.5 23.2 


Mass spectrographic analysis in % 


Specimen No. 

A B 
He4 91.3 93.3 
He? 1.8 1.8 
He IE 2.2 
H3 5.8 2.7 


+ Initial experiment; constituent analysis not completed. 


Theoretical 
C D E + analysis 
man 
91.0 92.8 — 96.7 
1.8 1.8 — 0.9 
0.1 0.3 > == 1022 
elt Onl — ee 
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Fig. 3. Time dependence of the density decrease of M.T.R. irradiated beryllium 
annealed at 595° C. 
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Fig. 4. Time dependence of the density decrease of M.T.R. irradiated beryllium 
annealed at 890° C. 
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of the order of 90 °%% helium isotopes and gave 
a value for hydrogen isotopes content consistent 
with the tabulated values. There is considerable 
confidence, therefore, that the H3 analysis 
reported in table 1 is correct to + 20% for 
individual specimens of gas. 


3.3. METALLOGRAPHY 


Two photomicrographs of the irradiated 


Fig. 5b. Annealed in vacuo for 2.5 hours at 700°C. Density decrease 14.2 %. 


Fig. 5. 
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beryllium, one for metal in the as-received 
condition, and one after annealing to a density 
decrease of 14.2 %, are presented in figs. 5a 
and 5b. This beryllium was taken from the 
high-flux side of the section. The black particles 
in the as-received samples are thought to be 
beryllium oxide and are largely distributed at 
the grain boundaries. The large black areas at 
the grain boundaries in the annealed sample are 


x 1000. 


Photomicrograph of M.T.R. beryllium irradiated to 1022 nvt fast flux. 
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holes, and it is worth noting that some grains 
in this sample were stained and contained very 
fine black dots. It is possible that these black 
dots represent very fine holes. 


4. Discussion of the Results 


4.1. DENSITY CHANGES 


Fig. 2 illustrates the general relationships 
found between swelling, temperature and gas 
content of the irradiated beryllium. Detectable 
swelling did not occur below some effective 
threshold temperature > 440° C, this tempera- 
ture depending on the gas content. This is in 
agreement with the behaviour exhibited by 
uranium after irradiation and subsequent an- 
nealing, where, for gas contents of 2—3 cm3/cm’, 
very little swelling takes place at annealing 
temperatures below 500° C. The onset of swelling 
above a threshold temperature may be due to 
the increasing ability of the gas to diffuse to 
voids, or to a decreasing resistance of the metal 
to the growth of nucleated voids; it is not yet 
clear which of these effects is the more im- 
portant. At lower annealing temperatures, the 
degree of swelling at any given annealing 
temperature increases with the gas content of 
the metal; this is consistent with the assumption 
that the swelling is due to pressure of gas in 
the voids. However, the ratio of the swelling 
of the high-flux material to the low-flux material 
decreases with increasing temperature, an effect 
similar to that observed by Eldred +) for the 
swelling of uranium. It is assumed that there is 
some upper limit of expansion at which inter- 
connected porosity will permit escape of the 
void-forming gas. In this connection, it was 
observed during the annealing experiments that 
a detectable amount of gas was released from 
the beryllium at 800° C after two hours at this 
temperature; at this time the density decrease 
was 10 %. 

The results presented in fig. 3 show that the 
beryllium with the gas content of 20 em3/cm3 
is continuing to swell on annealing after 
1 500 hours, although an initial large amount 
of swelling has been completed by 40 hours. 


It is not clear how much of this swelling is due 
to the thermal cycling, but since the two 
thermal expansion coefficients of beryllium 
differ only by 10 %, this effect is not expected 
to be important. The results of the studies on 
uranium, on the other hand, are difficult to 
interpret because of the known serious effects 
of thermal cycling, and it is therefore difficult 
to compare the present results on beryllium 
with those on uranium. In general the kinetics 
of the density change at constant temperatures 
are similar for uranium!) and beryllium, at 
temperatures around 600°C. In the case of 
uranium at 880° C, where this metal is in the 
extremely plastic y phase, Eldred!) found a 
breakaway behaviour after 50 hours of annealing 
time. At this temperature beryllium still swells 
in a more regular manner, as seen from fig. 4. 
A preliminary metallographic examination 
of the irradiated beryllium has indicated some 
characteristics of the voids causing the swelling. 
The structure of the as-received irradiated 
metal, shown in fig. 5a, is typical of beryllium 
containing 1 wt % BeO fabricated by powder 
methods. The oxide particles, in general, trace 
out grain boundaries in the metal. The large 
black areas in the microstructure of the annealed 
specimen were, at least when the specimen 
polishing was completed, holes in the body of 
the metal. It appears certain that these holes 
were pockets of gas causing the swelling of the 
annealed beryllium, and their location at grain 
boundaries is strongly suggestive that nucleation 
of gas pockets took place at oxide particles. 
However, the volume of the large holes shown 
in fig. 5b accounts for no more than half of the 
swelling observed for the specimen. It is seen 
that smaller holes are occurring in the interior 
volume of some grains, and it is assumed that 
many small voids, not resolved by the optical 
microscope, give rise to the swelling not ac- 
counted for by the larger holes. All of the holes 
observed are roughly spherical in shape, and 
no cracks were detected. It seems, therefore, 
that the beryllium had sufficient isotropic 
ductility to accommodate the 14 % swelling. 
The most advanced attempt to correlate the 
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volume change produced by inert-gas bubbles 
in a metal with the mechanical properties is 
due to Wyatt, Enderby and Foreman !). It is 
postulated that for the case of annealing fol- 
lowing irradiation, the swelling will take place 
in two stages. The first stage is an immediate 
expansion against elastic and plastic stresses; 
thereafter a second-stage swelling takes place 
due to creep. For uranium swelling at 600° C, 
Enderby has calculated that the initial swelling 
is by far the greater in short term laboratory 
tests, i.e., the magnitude of the time-dependent 
portion over the first few hundred hours is 
small in comparison. It has already been seen 
that this is not an adequate description of the 
behaviour of M.T.R. beryllium. The expression 
governing the initial expansion, as developed 
by Wyatt et al., can be written as: 


1 


3 NRT 
(c—N B) hy ioe a 


= (1) 


where x is the fractional volume increase, N is 
the gas content in moles per cm? metal, B is 
the second virial coefficient of the gas in 
question, R is the gas constant, 7’ is the an- 
nealing temperature, and Y is the yield strength 
of the metal at the annealing temperature. 
Eq. (1) does not take into account surface- 
tension forces which would make the calculated 
volume change smaller. Furthermore, the ex- 
pression does not predict all of the swelling 
observed for uranium annealed at 600° C, and 
at 800° C the surface tension is the determining 
factor resisting swelling in uranium. A major 
difficulty in using eq. (1) is obtaining the correct 
value to use for the yield strength. At 600° C, 
unirradiated beryllium retains the order of one 
third of its room-temperature yield strength 8); 
in other words Y should be takenas < 10 000 psi 
if it is assumed that all irradiation damage 
anneals out at this temperature. Using Y= 
10 000 psi, gas content = 20 cm3/cm3, 7’ = 595° C 
(868° K), and 9.82%) cm? mol as the second 
virial coefficient for helium, eq. (1) gives a calcu- 
lated swelling of 5 °%. From fig. 3 it is seen that 
this value, although of the right order, is clearly 
too high for the initial swelling. It appears, 
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therefore, that the current theory contains too 
many simplifying assumptions to give an 
accurate representation of the swelling phe- 
nomenon. 


4.2. 


In assessing the degree of agreement between 
the experimental results of the gas analysis and 
the results of the calculation presented in 
appendix 1, it is necessary to start with the 
(n, x) reaction. Although in theory the validity 
of the calculation for the (n, «) reaction could 
be checked by the observed quantities of either 
H3 or He?, in practice only the quantity of 
He? could be measured accurately. The main 
uncertainty in the constituent analysis of the 
gas collected from the beryllium arose from the 
possible error in the value quoted for the H3 
content. This fact alone removed much of the 
value of the H3 analysis for drawing quantita- 
tive conclusions, but in addition it is seen from 
the results presented in table 1 that the values 
obtained for H? content varied somewhat 
among the specimens used for the analysis. 
This latter effect was even more pronounced 
for the H} content of the specimens, in marked 
contrast to the consistent results obtained for 
helium isotope content. The amount of Hj 
contained in the beryllium prior to irradiation 
is not known, nor is the rate of diffusion of 
hydrogen isotopes in beryllium. The results 
suggest that hydrogen isotopes can diffuse 
through beryllium more readily than helium, 
but the only definite conclusion that may be 
drawn from the Hj analysis is to note that the 
average H} content of the beryllium specimens 
examined is far greater than can be accounted 
for by the (n, «) reaction. 

The value observed for the He? content of 
the gas is twice the calculated value. If the 
observed value is taken as correct, then a H? 
content of about 4.4 °4 would be expected, and 
this latter value is in reasonable agreement with 
the mass-spectrographic analysis. The results 
indicate, therefore, that the values calculated 
from (n, «) reaction are low by a factor of 2. 
If this conclusion is accepted, then it means 
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that the irradiation of 1022 nvt has produced 
15 cm3/cm3 He4 from the (n, 2n) reaction, in 
good agreement with the value of 19.8 cm?/cm? 
calculated in appendix 1. From the information 
now available, it is not possible to account for 
the discrepancy between calculated and ex- 
perimental yields of the (n, «) reaction. If all of 
the discrepancy arises from the irradiation data, 
then the apparent agreement between experi- 
ment and calculation for the (n, 2n) reaction 
is fortuitious, but it seems more likely that the 
nuclear data chosen for use in the (n, «) reaction 
are incorrect. 


Appendix 1 


CALCULATION OF THE QUANTITY OF NEUTRON- 
INDUCED GAS IN BERYLLIUM 


The quantity of neutron-induced gas produced 
in a massive specimen of metal of atomic 
weight A and density o, for any reaction which 
produces n molecules of gas per neutron 
utilized, is given by the expression: 


cm? gas per cm3 metal = 2.24 « 104 nt Fie (a) 


where F is the integrated neutron flux of all 
energies, f is the fraction of F which lies in the 
energy range above the threshold (or effective 
threshold) energy Hr of the reaction, and @ is 
an average cross section for the reaction at 
neutron energies above Hy. The product f é 
replaces the exact expression 


S10 o(e) de (2) 


where f(e) and o(e) are the neutron-energy 
spectrum and reaction cross sections respectively 
as functions of energy. Estimates of the quantity 
of neutron-induced gas which is expected to be 
formed in beryllium by any given neutron 
irradiation have been presented in three different 
publications 2, 10, 11), The most comprehensive 
survey of the possible modes of gas production 
is that due to Evans !°), this author listing six 
different primary reactions which might occur 
between beryllium and the types of irradiation 
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which the beryllium would receive in normal 
reactor service. However, on the basis of the 
nuclear data now available, it appears that the 
quantity of gas produced by the (n, 2n) and 
(n, x) reactions is many times larger than that 
produced by the other reactions; only these 
two reactions, therefore, need to be considered 
further. 

In the (n, 2n) reaction, the half life of the 
intermediate product, Be’, is extremely short, 
and only the primary reaction enters into the 
calculation of He* produced. The most recent 
determination of #7 and o(e) for this reaction 
was obtained using an experimental facility 
which had considerable improvements over any 
used in previous measurements of these quan- 
tities, and these data 12) are now used with no 
weight given to previous results. The energy 
Er is then clearly defined as 2.70 MeV. The 
choice of & is rather an arbitrary operation, but 
600 mb seems to be the best estimate possible. 
Taking F as having a low energy cutoff at 
1.0 MeV and the energy spectrum of virgin 
fission neutrons at energies above this means 18) 
that f is 0.36. Then for n=2, and F = 1022 nvt, 
eq. (1) gives 19.8 cm?/cm® of Het. 

For the (n, «) reaction, it is now accepted 
that the most reliable determination of Hy and 
a(e) is that due to Stelson and Campbell 14) 
from which Hr is 0.71 MeV and @& is 80 mb. 
To use eq. (1), Hr must be replaced by an 
effective threshold energy, 2.41 MeV, from 
which f is 0.44. On this assumption, the primary 
reaction in the chain results in 1.5 em3/em3 He4 
for an integrated fast flux of 1022 nvt. He® on 
formation decays to Li§ with a 0.82-sec half-life, 
and the burnup half-life of Lié in the M.T.R. 
thermal flux is 90 days. The beryllium used in 
the present experimental work had been irra- 
diated for a period of 1000 days: hence some 
82 % of the Lié would have been converted to 
He* and H3, giving 1.2 and 0.6 cm3/cm? re- 
spectively. (There is no loss of H? during 
irradiation, as shown in the following para- 
graph.) The present gas-analysis experiments 
were carried out almost exactly three years 
after the beryllium had been removed from the 
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reactor. Over that time, the H? content would 
have decayed to 0.5 cm?/em? with the produc- 
tion of 0.2 cm?/cm?/He3. Therefore, at the time 
of analysis, H3 and He? make up 2.2 and 0.9 % 
respectively of the total gas content. 

The capture cross section of He? to thermal 
neutrons is 5400 barns, and hence all H® which 
decays during irradiation goes through the 
cycle: 


= 
> 


He He? 
He? +n — H!+H8 


and thus constitutes a source of Hj. However, 
for the irradiation conditions under consider- 
ation here, if all H! atoms went to form H} 
the quantity of the gas would only be 0.2 % 
of the total. In fact, most H! atoms will go to 
H!H2 molecules, reducing the observed quantity 
of H? by some 10 % of its value as based on 
H® production. 

The results of the previous and _ present 
calculations are presented in table 1A. The 
results taken from other publications have been 
normalized to common irradiation conditions, 
to the extent that the assumptions stated in 
those publications allow. Evans has since 
recalculated 15) the gas quantities on the basis 
of new nuclear data, not available to him 
originally, and is now essentially in agreement 
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with the present calculation. The differences 
between the values of Redding and Barnes and 
those of the present calculation are due to use 
of different nuclear data in the case of the 
(n, 2n) reaction, and assignment of a different 
value of & for the (n, «) reaction. In addition, 
Redding and Barnes appear to have assumed 
complete burnup of Lié. 
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TABLE [A 


Neutron induced gas yields in beryllium 


| Gas produced for 1022 nvt fast flux 
Threshold Liffective rad be 
Reference Reaction energy energy eee Helium Tritium Total gas 
: : section ; 
(MeV) (MeV) b | volume volume production 
fasted) | (em3/em3) | (em3/em3) | (em3/em3) 
Stehn 2) (n, 2n) 1.85 ao 200 — oss 
(n, x) O27 ie = < 50 4.6 ish = 
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(n, «) 0.71 —- 10 0.3 0.2 Ue 
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The crystallographic elements of slip in single crystals 
of f-uranium have been interpreted in terms of 
formalized atom movements compatible with the 
structural characteristics of the crystal, and dis- 
location structures for accomplishing the movements 
have been derived. A novel and critical part of the 
general problem lies in the fact that the unit cell of 
the simple tetragonal lattice contains the relatively 
large number of thirty atoms, which are arranged in 
a sufficiently complex manner to obscure any ready 
identification of a slip interface. The structure of 
the crystal is described in detail and the over-all 
structural requirements of any deformation model 
are deduced. It is then shown that the structure 
permits a flow process based on a double interface, 
i.e. the slipping portions of crystal are separated by 
a volume or zone of atoms which is needed to maintain 
structural continuity during the flow process. The 
width: of the zone corresponds to a single lattice 
spacing normal to the observed slip plane of the 
lattice. The body of the paper is concerned with the 
development and description of the associated 
process of plastic flow. 


Les éléments cristallographiques du glissement dans 
des monocristaux d’uranium-f ont été interprétés en 
fonction des mouvements d’atomes compatibles avec 
les caractéristiques structurales du cristal et on a 
déduit les structures de dislocation nécessaires pour 
accomplir ces mouvements. Une partie nouvelle et 
critique du probléme repose sur le fait que la cellule 
élémentaire du réseau critique simple contient le 
nombre relativement grand de 30 atomes qui sont 
disposés d’une maniére suffisamment complexe pour 
rendre obscure l’identification facile d’une interface de 
glissement. La structure du cristal est décrite en détail 
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et les exigences structurales générales d’un modéle de 
déformation en sont déduites. On montre ainsi que les 
structures permettent un processus de fluage basé sur 
une des interfaces, c’est-a-dire que les portions de 
cristal soumises au glissement sont séparées par un 
volume oti une zone d’atomes qui doit nécessairement 
maintenir la continuité structurale durant le processus 
de fluage. La largeur de cette zone correspond & une 
simple distance réticulaire normale au plan de glisse- 
ment observé. L’ensemble du mémoire a trait au 
développement et a la description du processus de 
fluage plastique. 


Die kristallographischen Gleitelemente in Einkristallen 
aus B-Uran wurden mittels Atombewegungen gedeutet, 
die mit der Kristallstruktur vertraglich sind; Verset- 
zungsstrukturen, mit deren Hilfe die Bewegungen 
vollzogen werden k6énnen, wurden abgeleitet. Zu 
einem neuen und wichtigen Gesichtspunkt fuhrt die 
Tatsache, dass die Zelle des tetragonalen Gitters die 
relativ grosse Anzahl von 30 Atomen enthalt; die 
Anordnung dieser Atome ist zu kompliziert, als dass 
die Gleitflache ohne Schwierigkeiten erkannt werden 
kénnte. Die Struktur des Kristalls wird im einzelnen 
erlautert und die allgemeinen strukturellen Forde- 
rungen der verschiedenen Deformationsmodelle werden 
abgeleitet. Es wird dann gezeigt, dass die Kristall- 
struktur einen Gleitprozess gestattet, der auf einer 
doppelten Grenzfliche beruht, d.h. die gleitenden 
Teile des Kristalls sind durch eine dtinne Atomschicht 
getrennt, die die strukturelle Kontinuitaét wahrend 
des Gleitprozesses aufrecht erhalt. Die Breite dieser 
Zone entspricht einer Gitterperiode senkrecht zu der 
beobachten Gleitflache. Die vorliegende Arbeit befasst 
sich hauptsachlich mit der Entwicklung und Beschrei- 
bung des mit der Gleitung verbundenen Vorgangs. 
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1. Introduction 


In 1952 A. N. Holden reported that single 
crystals of tetragonal 6-uranium are plastic at 
room temperature +. Moreover, he showed that 
deformation occurs by slip and that the crystal- 
lographic elements of the slip process are 
{110}<001>. No account was given, however, of 
either the formalized atom movements or the 
structures of the operative dislocations. 

It is particularly interesting to inquire into 
these matters, for the structure of the crystal 
is relatively complex for a monatomic metal, 
and in particular does not possess any atomic 
planes or surfaces that can be identified readily 
as slip interfaces. This strange circumstance 
can be best understood by reference to the 
detailed structure of the crystal. Accordingly, 
we shall first describe the structure in the 
requisite detail, and then proceed to deduce 
formalized atom movements and dislocation 
structures consistent with the observed crystal- 
lographic elements of slip and the structural 
characteristics of the crystal. 


2. The Structure of the Crystal 


The structure of the crystal is based on a 
simple tetragonal lattice with 30 atoms per 
unit cell2:3). The lattice parameters are 
do = by = 10.52 A, co=5.57 A. Following the con- 
ventions of Frank and Kasper we shall describe 
the atomic arrangement in terms of the stacking 
of sheets of kagomé tiling 4: 5). 

Fig. 1 illustrates the arrangement of atoms 
within a single sheet of tiling. Note the simple 
relationship to closest packing of spheres: 
filling of the open hexagons converts kagomé 
tiling into the arrangement of closest packing. 
However, as will become apparent, there is no 
further simple relationship between the struc- 
tures of the closest packed crystals and the 
structure of f-uranium, for the formal stacking 
procedures for developing the two kinds of 
structures are quite different. 


t The B-phase is ordinarily unstable at room 
temperature but can be stabilized by an addition of 
approximately 1 % chromium. The crystals used by 
Holden were of the stabilized kind. 
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Illustration of the 
within a sheet of kagomé tiling. All solid lines indicate 


Higeals atomic arrangement 


atomic contacts. The individual units of tile are 
delineated by heavy solid lines, and the light dashed 
lines connect the centers of the individual tilings. 


As shown in the figure, the dashed lines 
connecting the centers of gravity of the in- 
dividual tiles define a nearly square rhombic 
mesh. The deviation from a square is approx- 
imately 2.2° of angle. In f-uranium, the rhomb 
is indeed distorted to a square and the sides 
become do and bo of the tetragonal unit cell. 
The procedure for stacking a second identical 
layer to develop the structure along co-is as 
follows: Place the center of a square of the 
second sheet below (or above) the corner of the 
first sheet and then rotate the second sheet 
through 90°. The resultant structure is shown 
in fig. 2. 

Notice that the structure contains crossed 
hexagons which define voids centered on the 
median plane between the pair of sheets. In the 
crystal each of these voids contains a uranium 
atom. The structure is then further developed 
along co by repeating the two layer sequence 
of fig. 2, and filling all median voids. The 
complete structure is shown in projection along 
Co in: fig. 3. 

It is particularly worth noting that each of 
the atoms of the structure lies at the corner of 
an irregular tetrahedron. Accordingly, the 
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Fig. 2. A view along co of two layers of the f- 
uranium structure. The dashed lines outline the square 
mesh base of the tetragonal lattice. 


plastic flow process must occur by the defor- 
mation, disruption and ultimate reformation of 
these basic tetrahedral units of structure. 


3. The Significance of the Crystallographic 
Elements of Slip 


Before attempting to understand the signif- 
icance of the crystallographic elements of slip 
for f-uranium, it will be useful to recall briefly 
a corresponding situation for a very simple 
type of structure already studied in considerable 
detail, namely for the cubic close packed one. 
For crystals based on this packing the experi- 
mental observation that slip occurs parallel to 
{111} lattice planes has been interpreted un- 
ambiguously to mean that the slip interface lies 
between adjacent closest packed planes of 
atoms. In fact, no other sensible possibilities 
have been apparent, and accordingly there has 
been essentially no problem in deducing either 
the location or the form of the interface. 

In essence, this fortunate circumstance results 
primarily from the extreme simplicity of the 
structure involved. In addition, however, an 
important contribution also comes from the 
very simple relationship between the positions 
of the points of the lattice and the positions of 


the atoms of the structure, namely a complete 
identity between the two. Accordingly, experi- 
mental observations of crystallographic slip 
elements, which refer directly only to a lattice, 
can be transferred directly to the structure for 
crystals based on cubic closest packing. 

On the other hand, for 6-uranium the struc- 
ture is not particularly simple in comparison 
with the closest packed ones, and moreover 
there is no direct simple relationship between 
the geometrical distributions of lattice points 
and atomic positions. Because of these com- 
plexities, it now becomes a relatively difficult 
matter to interpret the lattice slip elements in 
terms of an interface between portions of the 
structure. This conclusion can be verified from 


e e e ®@ 
OW, “Ilo EA tO 
i] 
5 
i} 
i} 
1 
© 
i) 
1 
i 
9 
' 
' 
ro) 
i] 
i] 
i} 
fo) 
1 
i 
fe) 
i} 
He 
i} 
' 
© 
1 
1 
i 
fo) 
' 
1 
1 
1 
© 
' 
i} 
' 
t 
fe) 
Of Vso 
ve te 8 6 
Ona <0 


Fig. 3. A projection of the f-uranium structure 
viewed along [001]. 


@ — Atoms at 0 and 1 levels. 

© — Atoms at + level. 

© — Atoms at + and ? levels f. 
Solid lines outline the square mesh base of the unit cell 
and dashed lines delineate (110) planes of the lattice. 


jt bof 


+ Tucker’s structural determination showed that 
these atoms are very slightly displaced from the 
idealized positions of + and ?. The displacements are 
quite inconsequential for the purposes of the current 
study. 
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a study of fig. 3, which illustrates the lattice 
in question viewed in projection parallel to 
both the observed slip plane and direction, and 
which shows in addition the relatively complex 
distribution of atoms within the simple frame- 
work of the lattice. 

Note from the figure that the (110) lattice 
planes do contain a large number of atoms, but 
more particularly that a considerably greater 
number lie in the zone between any pair of 
them. Clearly, one cannot a priori conclude that 
the atoms lying on these neighboring lattice 
planes shear with respect to each other during 
slip, unless one gives a satisfactory structural 
explanation of what happens to the zone or 
block of atoms between the lattice planes. In 
fact the situation is apparently aggravated by 
the fact that the location of the origin of a 
lattice within a structure is arbitrary, and 
indeed can be located anywhere within a 
crystalline structure. Thus, we are free to trans- 
late the entire set of {110} lattice planes any- 
where we wish so long as the planes after 
translation are parallel to their original posi- 
tions. Only the spacing between these planes is 
a constant. Accordingly, from the point of view 
of mechanical properties, no special significance 
need be attached to the present location of the 
(110) lattice planes. 

Study of the figure also shows in fact that 
there is no obvious structural reason for picking 
out any single specific slip interface, whether it 
be flat, curved or puckered. In addition, a 
closely related problem of considerable signif- 
icance can be recognized from the structural 
implications of any kind of interfacial slip 
process in this crystal. 

In the first place, note that the observed 
flow is in a direction normal to the planes of 
kagomé tiling. Thus the slip process must 
involve a breaking and subsequent remaking 
of the tiling sheets. In other words, one must 
find a suitable interface on which to base a 
structurally sensible way of performing these 
operations. In particular, as shown in fig. 4, 
a partial net translation of $co brings a sheet 
originally at the 0 level up to the 4 level, and 


a sheet originally at the } level up to the 1 level, 
etc. Thus, at the half-way point of a net trans- 
lation of one unit of co, the orientations of the 
tiling sheets must differ by a rotation of 90° 
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Fig. 4. (a) Schematic representation of the normal 

arrangement of layers along co. Alternating solid and 

dashed horizontal lines represent the crossed layers of 

kagomé tiling, and the dotted lines represent the layers 

of atoms occupying the intervening median voids. 
(b) The change produced by a shear of $0. 
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across the slip interface. Accordingly one must 
understand how these rotated portions can be 
connected or bonded across the interface at the 
half way point of flow. Of course, the problem 
exists whether one considers the matter from 
the point of view of total or extended dis- 
locations. 

With these various points in mind, we shall 
now proceed to develop and describe a structural 
model for the slip process, starting with an 
analysis of formalized atom movements and 
continuing with descriptions of dislocation 
structures that accomplish the formal move- 
ments. 


4. Formalized Atom Movements 


For the remainder of this paper, it will be 
particularly useful to relocate the origin of the 
lattice cell by successive translations of 4ao 
and }¢o, the new orientation being shown in 
fig. 5. The net displacement in question places 
the corners and centers of the square meshes 
of the lattice at the centers of tetrahedra; 
accordingly (110) lattice planes now divide these 
tetrahedra. 

We shall now investigate a shearing process 
involving the upward translation of all of the 
crystal lying to the right of (110) lattice plane 
# 2 of fig. 5. In order to simplify the problem, 
let us first consider a localized portion of 
structure consisting of the two tetrahedra 
centered respectively at the origin and center 
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Fig. 5. Similar to fig. 3 except that the origin of the 

lattice has been translated through 4a plus ceo. 

Solid and dashed lines have the same significance as 

for fig. 3, namely, the former outline the square mesh 

base of the lattice and the latter show (110) planes of 
the lattice. 


of the square base of the cell, plus the pair of 
crossed hexagons which join these two tetra- 
hedra, as shown in fig. 6 (a). 

Note that atom 1 (as well as contacting 
atom A) can be translated directly upward if 
atom B simultaneously moves toward the 
position occupied by atom C, (or H) ie., 
atoms 1 and B remain in contact as atom 1 
rises. After a movement of 4c¢o, atom 1 would 
have risen from the lower level of the figure to 
the upper level and atom B would have moved 
in its own level to a position directly over the 
site of atom 2. However, atom B can make this 
movement only if the entire set of atoms 
composing the crossed hexagons undergoes a 
cooperative rotary-like movement. On the other 
hand the rotation is blocked unless atoms F 
and 5 go directly downward (or upward) as 
atoms 1 and A are proceeding upward (or 
downward). Accordingly we are led to the 
interesting conclusion that the portion of struc- 
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ture to the right of plane # 2 can be sheared 
with respect to the portion of structure lying 
to the left of plane #1 if the intervening 
crossed hexagons simply undergo a synchronized 
rotation. The formalized movements leading to 
a net shear of one unit of co are illustrated in 
the figure. Note in comparing the positions 
before and after slip that the shear can be 
represented formally simply by interchanging 
the open and filled circles. And finally, from a 
purely geometrical point of view, the rotation 
of the double hexagons can be either clockwise 
or counterclockwise. 

In brief summary at this point, let us review 


Fig. 6. (a) Idealized illustration + of a portion of 
structure in the vicinity of the origin and the center 
of the square base of the lattice (fig. 5). Atoms in the 
lower level are designated by numbers and those in 
the upper level by letters. The vertical dashed lines 
correspond to the two (110) lattice planes of fig. 5; 
(b) The rotary-like movements required of the atoms 
of the crossed hexagons in order that atoms 1 and A 
be sheared up a level each and atoms 5 and F down 
a level each; (c) The arrangement of atoms after the 
displacements of part (b). Atom A (not shown) has 
gone up to the level above the lettered one, and 
atom A’ has come up from a level below the numbered 
one. Atom 5 (not shown) has gone down to a level 
below the numbered one, and atom 5’ has come down 
from a level above the lettered one; (d) The positions 
of the atoms of part (c). 


+ In constructing the figure, the structure has 
been distorted slightly in order to be able to represent 
the atoms as spheres of a single size. 
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the operations of the formalized slip process 
under development. As shear causes the slipping 
portions of a pair of crossed planes to separate 
along Co, the intervening portions simply rotate 
in unison to provide a continuously bonded 
structure. When the half-way point of total 
slip is reached, the sheared planes again lie on 
common levels but in crossed orientations 
across the interface; and the bonding segment 
between them has undergone half its net 
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packing diagram illustrating the location of the 
shear interfaces, and showing that the zone or 
block between them is composed of linked 
crossed hexagons. Fig. 7 (b) illustrates the 
movements associated with a net shear of one 
unit of co, and part (c) shows the end arrange- 
ment of the atoms. As before, the right hand 
portion of structure shears up through }c¢o and 
the left hand portion shears down an equal 
amount. The rotary-like movements are of 


Fig. 7. Similar to fig. 6, but including a larger segment of structure. (a) Arrangement of atoms prior to 

shear; (b) The rotary-like movements required of the linked crossed hexagons in order that atom pairs 1-A 

and 10-K be sheared up a level each and atom pairs 5-F and 14-P down a level each; (c) The arrangement 
of atoms after shear. Primed letters have the same significance as in fig. 6(c). 


rotation. As slip continues, the crossed segments 
lying on common levels then separate and the 
rotation of the intervening bonding portion of 
structure increases correspondingly. Finally, a 
completely normal but sheared structure is 
formed, as identically oriented slipping planes 
reach common levels and the intervening 
bonding portion achieves the same orientation 
by completing its net rotation. In short, we are 
reminded of the mechanical analogy of a double 
rack and pinion device, which accomplishes 
shear translations much like the model under 
consideration. 

We shall now extend the above argument to 
the complete structure. Fig. 7 (a) is an idealized 


necessity somewhat different from those illus- 
trated above, and in particular a complete 
cycle now occurs within a double pair of crossed 
hexagons. For the formal picture given here, 
the median atoms, shown only in part (b), 
undergo no displacements. In a sense, they are 
simply rotational pivots. 

On the other hand, atom 3 must move up a 
level and atom M must go down a level. The 
reason for this interchange can be deduced 
readily, as follows. As slip occurs, atoms C and 
D separate on the upper level, as shown in 
part (b) of fig. 7. Since atom 3 is in contact 
with these atoms, it must rise concurrently in 
order to maintain contact. Likewise, atoms 2 


ATOM MOVEMENTS AND DISLOCATION STRUCTURES FOR PLASTIC SLIP 91 


and 15 come together on the lower level and in 
so doing make it necessary for atom 3 to rise 
to the upper one. In other words, the rise of 
atom 3 is a direct consequence of the rotary-like 
movements shown in the figure. In a similar 
manner, one can see that atom M must undergo 
the reverse displacement as atoms 7 and 12 
separate on the lower level and atoms G and L 
come together on the upper level. 

The net consequence of all the atom move- 
ments between the two interfaces is summarized 
in fig. 8. The movements have caused a structural 
change that is the precise equivalent of inter- 
changing the orientations of the strips of crossed 
kagomé tiling. Thus, the kind of summary 
picture given earlier for the smaller portion of 
structure holds in analogy for a description of 
the slip process for the complete structure. 


(a) 


(b) 


Fig. 8. Illustration of the change in structure 

between the two interfaces as a consequence of the 

atom movements. If (a) represents the structure of 

the upper level prior to slip, then (b) represents the 

structure after slip. If (b) represents the structure of 

the lower level prior to slip, then (a) represents it 
after slip. 


Thus far in this section we have considered 
the interfaces as corresponding to flat lattice 
planes. A structurally more realistic represen- 
tation should however be based on the distribu- 
tion of atoms in the vicinity of these lattice 
planes, as shown in fig. 9. Note that each 
interface is really curved, and looks something 
like the surface of an ordinary laundry wash- 
board. The sheared portions of structure move 
parallel to the direction of the grooves, and the 


interfaces 


structural 
corresponding to the lattice description of fig. 5. 


Fig. 9. Illustration of the 


rotary movements occur within planes normal 
to this direction. 

For descriptive purposes we shall refer to the 
double interface slip process described above as 
zonal slip, and accordingly will call the block 
of atoms lying between the two interfaces the 
slip zone. The combination of the two interfaces 
with the slip zone thus becomes the zonal 
interface. For 6-uranium, the width of the slip 
zone is equal to the spacing between {110} 
lattice planes, which is approximately 7.5 A. 

It is pertinent to realize that in terms of the 
lattice alone, the formalized description of the 
slip process becomes analogous to the lattice 
description for the cubic close packed metals. 
For both cases, the general description is simply 
that slip occurs by the shearing of a contiguous 
pair of lattice planes. The extraordinary differ- 
ence in the structural descriptions is simply a 
direct consequence of the correspondingly extra- 
ordinary differences in the structures them- 
selves. 

In the next section we shall investigate the 
question of how dislocations can produce the 
atom movements described above. The approach 
will be to entertain the obverse question of what 
dislocations look like if they must produce the 
atom movements in question. 
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5. Dislocation Structures 


5.1. THE SCREW ORIENTATION 


Fig. 10 is a schematic illustration of the 
morphology of a partially sheared block of 
erystal containing a zonal screw dislocation. In 
the region of good crystal the individual mem- 
bers of a crossed pair of kagomé tiling sheets 
each form a single helicoid ramp. The two 
ramps are interleaved with a separation of 300, 
and they never intersect. The magnitude of the 
Burgers vector b is of course equal to ¢o. 


<a 


Fig. 10. Schematic illustration of the morphology 
of a partially sheared block of crystal containing a 
(110) zonal screw dislocation, showing the displace- 
ments of the sheared portions with respect to the 
zonal interface. Solid and dashed horizontal planes 
represent the crossed sheets of kagomé tiling. The 
X-Y region is the shear zone of the dislocation. 


The unslipped surface of the shear zone, 
Y —Z, has the orientation of the top-most plane, 
whereas the slipped region, W —X, lying on the 
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same level has the crossed orientation. The 
transition region, X —Y, is part of the disloca- 
tion and varies continuously in rotational 
orientation in traversing between the slipped 
and unslipped portions. In short, an increment 
of total slip adjacent to X—Y requires a 
corresponding increment of rotation within 
X —Y. The rotations in question as well as the 
structure of the X—Y transition region are 
shown in fig. 11 for a counterclockwise rotation 
in going from Y to X. In studying the figure, 
one will find it useful to refer back to the 
formalized atom movements shown in fig. 7. 

A few words are in order regarding a descrip- 
tive convention that has been adopted for the 
figure. Upper level atoms which have undergone 
less than half their ultimate net displacement 
are connected by heavy solid lines. Heavy 
dashed connections are used beyond the half- 
way point. Likewise, light dashed lines are used 
for the lower level connections prior to the 
half-way mark, and light solid lines beyond 
this point. 

It is particularly instructive to examine the 
positions and environment of atoms 3 and M 
as one follows the structure from Y to X. As 
pointed out earlier, these atoms must inter- 
change levels during slip. Accordingly atom 3 
is shown in the lower level on the right of Y 
and in the upper level on the left of X. Directly 
to the left of Y it has partially risen in con- 
junction with a partial separation of atoms C 
and D; at the core position it is half way up; 
directly to the right of X it has risen addition- 
ally; and finally at the left of X it has risen 


Fig. 11. A schematic illustration of the approximate arrangement of atoms in the shear zone of a (110) zonal 

screw dislocation, for a portion of structure lying within the body of the crystal. The X—Y region corresponds 

to the X—Y portion of fig. 10; the planes ++ 1 and + 2 are analogous to the interfacial lattice planes of figs. 5, 
6 and 7; and the smaller numbers and letters have their analogs in figs. 6 and 7. 5 
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fully to the upper level. Simultaneously, of 
course, atoms C and D have separated just 
enough to accommodate atom 3 between them. 
In a similar way, atom M can be followed as it 
undergoes the reverse change of levels. 

Note that when atom 3 is on the right of Y 
it shares a corner of two tetrahedra which point 
up, whereas at the left of X it shares a corner 
of a different set of tetrahedra which point 
down. To the left of Y the former pair of 
tetrahedra can be seen as being slightly distorted, 
and to the right of X the latter pair of tetrahedra 
can be seen in a similar state of distortion. At 
the core position atom 3 is common to both 
sets of tetrahedra, which of necessity have their 
maximum distortions in this region. In other 
words, the dislocation in motion would cause 
a smooth and continuous distortion during 
which one set of tetrahedra is being broken and 
a new set is simultaneously being formed and 
ultimately left behind as a normal set. An 
analogous situation exists of course for atom M 


and its tetrahedra. 


Fig. 12. 
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Schematic illustration of the morphology of a partially sheared portion of crystal containing a 


93 


No mention has been made thus far in this 
section of the atoms occupying the median 
voids between crossed hexagons in the shear 
zone. As pointed out earlier, they need not 
undergo any displacements and accordingly are 
not shown in the figures. Their presence in the 
structure is however assumed. 


5.2. THE EDGE ORIENTATION 


It must always be possible to describe a total 
edge dislocation in terms of the insertion (or 
removal) of a partial element of structure. For 
the classical hypothetical example based on 
the simple cubic structure, the insert is of course 
a partial plane of “atoms”. For f-uranium, 
however, it cannot be a single plane of atoms; 
rather it must be in the form of a partial block 
of structure equivalent to the co repeat unit, 
i.e., a pair of crossed planes of tiling with all 
median voids filled as usual for the normal 
structure. Insertion of only one partial plane 
of tilmg would produce a nonsensical change 


(110) zonal edge dislocation, showing the displacements of the sheared portions with respect to the zonal interface. 
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in the crystal structure itself, and accordingly 
can be ruled out as being impossible. 

Fig. 12 shows the morphology of a partially 
sheared portion of crystal which contains a 
total zonal edge dislocation. The character of 
the structural changes introduced by the 
dislocation can be visualized by inspecting the 
various planes in numerical sequence. Planes 1 
through 4 are quite normal, and the first 
evidence of slip is encountered in the region of 
plane 5. Portions 5a and 5b are seen to be 
sheared slightly with respect to the zonal 
portion 5z. Accordingly, there must be a 
correspondingly small rotation within 5z, as 
will be discussed in detail later. 

It is important to realize that the indicated 
discontinuities between portions 5a, 5z and 5b, 
for example, are not to be taken literally. 
Rather, as was emphasized in the section on 
atom movements, atomic contact is of necessity 
maintained as the coupled shearing and rotation 
processes occur. 

Proceeding on to the vicinity of plane 6, one 
sees that additional slip and rotation have 
occurred here, and that half a co unit of slip 
has been achieved in the central core region 
where 8a and 7b are directly in line on opposite 
sides of the shear zone. Accordingly, 7z must 
have undergone nearly half its possible rotation, 
and 8z must be an originally dashed type of 
plane which has achieved somewhat over half 
its available rotation and is thus shown as 
solid. In the vicinity of the core, 7b is still 
bonded to the sheared portions 7z and 7a, but 
is also common in the same sense to 8z and 9a; 
portion 8a is “extra” with respect to the shear 
zone. Beyond the central core region, portions 
8b, 9z and 10a can be seen as beginning to line 
up, and finally the new undistorted plane 
becomes apparent in the form of 10b, 1lz and 
12a. To the right of this plane, the structure is 
perfectly normal with a slip offset equal to co. 
The Burgers vector of course has the same 
magnitude as Co. 

It is particularly pertinent to notice that in 
the region of good crystal surrounding the 
dislocation the upper part of the structure 


contains the two requisite extra planes with 
respect to the lower portion. On the other hand, 
in the vicinity of the dislocation the upper 
section has but one extra plane with respect 
to the shear zone, which in turn has one extra 
plane with respect to the lower portion. 
Thus our expectation that the insert required 
for the dislocation would be a block of structure 
equal to co in thickness has not been exactly 
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Hig. 13. 
arrangement of the atoms in the individual zonal 
planes of fig. 12, showing the incremental rotations 
in going from left to right in that figure. The desig- 
nations of the planes are the same as for fig. 12. 


Schematic illustration of the approximate 
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fulfilled in the literal sense. The literal ex- 
pectation would however have been fulfilled 
had we been dealing with an ordinary edge 
dislocation. For such a case the dislocation 
would have had a very severe distortion in the 
terminal region of the block insert; for a co 
block is 5.6 A thick, which is approximately 
twice the average interatomic distance found 
in the normal crystal. Accordingly, having the 
shear zone as a part of the dislocation helps to 
reduce the terminal structural distortion. 

The rotations required within the individual 
planes of the shear zone are illustrated in fig. 13. 
Inspection of the figure shows the incremental 
character of the increase in rotation as a 
traverse is made from left to right through the 
shear zone of figure 12. As mentioned above, 
planes 3z and 4z are perfectly normal, as shown 
in the figure. Plane 5z shows the first increment 
of rotation, and 6z an additional one. Thus 
atom 3 of 5z must be displaced slightly toward 
6z and atom M of 6z must be displaced some- 
what toward 5z. Plane 7z has accomplished 
almost half its total rotation and 8z has gone 
slightly beyond its half-way point. Accordingly 
atoms 3 and M of this pair must be approxi- 
mately midway between the two planes, and 
are thus shown in both 7z and 8z as half-filled 
circles. Plane 9z is beyond its half-way point 
and 10z has nearly completed its rotation. Thus 
atom M is now displaced almost to 9z and 
atom 3 to 10z. And finally, in 1lz and 12z the 
rotations are complete, and atoms 3 and M 
have interchanged levels entirely. In other 
words, such a dislocation in motion would cause 
a gradual and complete interconversion of the 
orientations of the planes in the shear zone, 


as required in order to generate normal structure 
in a completely slipped portion of crystal. 

The zonal dislocations that have been described 
thus far in this paper are of course of the total 
or unit type. From a geometrical point of view 
at least, they can however undergo dissociation 
into a family of partials and faulted structures. 
The resulting novel class of extended disloca- 
tions will not be described in this paper, 
however; instead they will be covered in a 
separate report. 
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Small pieces of a beryllium shim rod from the Materials 
Testing Reactor have been heated and changes in 
microstructure, volume and mechanical properties 
observed. The beryllium which was estimated to have 
received a dose of about 7.6 x 10?! fast neutrons/cm? 
contained about 10 cm? at N.T.P. of helium per cm? 
and this precipitated as fine gas bubbles during heating 
for an hour at temperatures above 600°C. These 
bubbles grew, particularly at the grain boundaries, 
during further heating, until at 1100°C they were 
about 10-3 em diameter. The precipitation and growth 
of the bubbles produced an increase in the volume of 
the samples, commencing at about 600° C and eventu- 
ally reaching 30 % at 1000° C. The irradiated beryllium 
is very brittle, even above room temperature, and this 
may be aggravated by the large gas bubbles lying on 
the grain boundaries. The observations are discussed 
in relation to those already reported for beryllium 
containing large local concentrations of helium 
injected with a cyclotron. 


De petites piéces d’un barreau de béryllium provenant 
du réacteur pour essais des matériaux (MTR) ont été 
chauffées et l’on a observé les modifications de la 
microstructure, du volume et des propriétés méca- 
niques. Le béryllium que l’on a estimé avoir recu une 
dose d’environ 7.6 x 10?! neutrons rapides par cm2 
contenait environ 10 cm? (a la température et a la 
pression normale) d’helium par em. Celui-ci précipi- 
tait sous forme de petites bulles de gaz durant le 
chauffage d’une heure aux températures supérieures 
a 600°C. Ces bulles augmentaient de dimension, 
particulérement aux contours de grains, durant le 
chauffage ultérieur jusqu’a ce qu’&a 1100°C elles 
atteignent un diamétre de 10-3 em. La précipitation 


1. Introduction 


The two nuclear reactions Be® (n, 2n) 2He4 
and Be® (n, «) He® occur when beryllium is 
bombarded with fast neutrons so that the helium 
produced, in addition to the normal displace- 
ment damage, modifies the physical properties 
of the beryllium. These changes have been 
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et la croissance des bulles produisaient un accroisse- 
ment de volume des échantillons, débutant a environ 
600° C et atteignant dans certains cas 30 % a 1000° C. 
Le béryllium irradié est trés fragile, méme au-dessus 
de la température ambiante. Cette fragilité peut étre 
ageravée par les grandes bulles de gaz se trouvant 
sur les contours de grains. Les observations sont 
discutées en relation avec celles déja signalées dans 
la littérature pour le béryllium contenant de grandes 
concentrations locales d’hélium injectées avec un 
cyclotron. 


Kleine Stticke einer bestrahlten Berylhumstange aus 
dem Materials Testing Reactor wurden erhitzt und 
Veranderungen der Mikrostruktur, Dichte und mecha- 
nischen LEigenschaften wurden  beobachtet. Das 
Beryllium, welches schitzungsweise etwa eine Dosis 
7.6 xX 10?! schneller Neutronen pro cm? erhalten hatte, 
enthielt ungefahr 10 cm® Helium bei Normaldruck 
und Temperatur und nach Erhitzung auf 600°C 
wahrend einer Stunde schied sich dieses Gas in der 
Form kleiner Blasen aus. Diese Blasen wuchsen 
wahrend weiterer HErhitzung, vornehmlich an den 
Korngrenzen, bis sie bei 1100°C etwa 10-3 cm 
Durchmesser hatten. Durch die Ausscheidung und 
das Wachstum der Blasen vergrésserte sich das 
Volumen der Proben, erstmals bei 600°C, und 
erreichte bei 1100° C 30 %. Das bestrahlte Beryllium 
ist sehr sprdde, sogar oberhalb Raumtemperatur, 
und dies mag durch den Hinfluss der grossen Gasblasen 
an den Korngrenzen verstarkt werden. Die Beobach- 
tungen werden besprochen im Zusammenhang mit 
fruheren Berichten tuber zyklotronbestrahltes Beryl- 
lium mit betrachtlichen Lokalanreicherungen an 
Helium. 


studied by examining, after various heat treat- 
ments, pieces cut from a block of beryllium 
which had received a large dose of fast neutrons 
in the Materials Testing Reactor (M.T.R.). 
These pieces were examined microscopically and 
their gas contents, changes in volume, hardness, 
and bending strength measured. 
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2. Gas Content 


The beryllium block used for this investi- 
gation was a piece, shown in fig. 1, cut from 
one of the M.T.R. shim rods!) which had been 
bombarded by about 7.6 x 1021 neutrons of more 
than 1 MeV/cm22) while at about 70° C}). 
Because of its high activity the block was cut 
under water into small square cross-section 
bars, which were numbered as shown in fig. 1. 
Some of these bars were further cut into small 
pieces roughly cubical in shape. 


MARKING CUT 


MZ 
ras 


BEND TEST SPECIMENS 
&3 BEND TEST & SWELLING SPECIMENS 
SWELLING SPECIMENS 


Fig. 1. Arrangement of specimens cut from portion 


of Shim Rod. 


Several of these small cubes of the shim rod 
were melted by a high-frequency set while in a 
de-gassed beryllia crucible contained in an 
evacuated silica tube of known volume. The 
pressure of the gas liberated on melting was 
determined with a “‘Vacustat”’ gauge, and the 
gas content determined. A sample of this gas 
was analysed using the mass spectrograph. The 
results are shown in table 1. The helium in the 
samples varies between 4 and 36 cm’ at NTP/cm? 
of beryllium (excluding the piece J1.2 which had 
been heated before analysis to 1100° C and had 
thus lost an appreciable portion of its gas). The 
variation in bar F4, which was most thoroughly 
investigated, was much less, between 8 and 
18 cm?/cm?. The ratio of He*/He? fell between 
the limits 52 and 80 and traces of tritium were 
normally detected. 


The hydrogen content of the gas from many 
of the samples was very high, but low for all the 
three measured samples from B8. The origin of 
this hydrogen is not known. Some hydrogen 
may have been included during fabrication of 
the original rod. Absorption of water by the 
beryllium, either during service in the reactor, 
during cutting, or during the density determi- 
nations may have produced hydrogen when the 
beryllium was melted for analysis. In general 
those samples which had been most severely 
heated before the gas determination produced 
the most hydrogen, e.g. sample J1.2 which had 
increased in volume by 37 %, contained 41 cm? 
of hydrogen/cm? and hardly any helium. These 
samples would be expected to absorb most 
water during their density determination. In 
view of these observations and since the 
amounts vary so widely (0 to 41 cm3/cm) it is 
probable that the hydrogen results mainly from 
water taken up by the beryllium during the 
density measurements and its effect upon the 
volume changes which occur in the beryllium 
upon heating will be neglected. 


3. Microstructure 


Small pieces, about 1 mm, produced by 
crushing a small sample from B slice were 
separately heated in vacuo for 1 hour at 450° C, 
600° C, 700° C, 750° C, 800° C, 875° C, 1000° C 
and 1100°C and then polished and etched 
with 2 % hydrofluoric acid in water. A series of 
electron and optical micrographs of the samples 
was taken with an unheated sample for com- 
parison; some of this series are shown in fig. 2. 

The photographs show that the microstructure 
of the beryllium was virtually unchanged after 
heating for 1 hour at 450°C but after 600° C 
certain grains appeared darker than the rest. 
The electron micrograph reveals this to be due 
to the presence of many small pits (presumably 
caused by small bubbles of helium) in the dark 
grains (see fig. 2c). Similar experiments with 
beryllium into which helium had been injected 
with a cyclotron 4) had shown that the helium 
remained in solution unless it was heated to 
about 700° C either during or after the injection. 


oe 
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Jd 


Fig. 2a. Unheated. x 135 


Fig. 2e. Electron micrograph of 
piece shown in d. x 3500 


Fig. 2c. Electron micrograph of 
piece shown in 6. x 3500 


Fig. 2. Details of heat treatments and magnification. Photomicrographs of a series of small pieces from the 
shim rod together with shadowed carbon replica electron micrographs of some of them 
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These experiments, and others using copper °) 
have shown that vacancies are necessary before 
the helium atoms can precipitate as gas bubbles, 
and that these vacancies are generated mainly 
at the grain boundaries. 

After heating the MTR beryllium to the 
higher temperatures this etching effect became 
more pronounced and all the grains showed it, 
presumably because vacancies had been able 
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2x 10-4 em wide) appeared along many of the 
grain boundaries. Electron micrographs showed 
them to be strips of beryllium lying on each 
side of the grain boundary, containing no 
bubbles (e.g. see fig. 2e). This effect was also 
observed in the beryllium and copper injected 
with helium and is attributed to the deposition 
of the metal atoms along the grain boundaries 
as a consequence of the generation of vacancies 


there. 
Large bubbles (diameter about 8 x 10-4 cm) 


to reach all the helium atoms in all grains. 
After 1 hour at 800°C white ribbons (about 


TABLE | 


Specimens used for dilatometry and/or gas analysis 


Initial °% change in Gas content cc/cc 
No. Treatment density 
(g/cc) density dimensions Total Jal. He 
F4.1 1 h at 800°C 1.842 14.2 18.8 9.9 8.8 
2 4h at 700°C 1.840 15.2 Tom 37.8 28.4 9.1 
3 4h at 700°C 1.849 4.0 4.4 14.0 
4 17 h at 550° e 
25 h at 600°C 1.852 Meg 4.3 
119 h at 650° C 
5 4 h at 700°C 1.866 16.4 17.0 BOSD 2107 153533 
6 1 h at 800°C 1.862 133583 20.7 12.4 8.3 
7 1h at 600°C 
Th at 700° C 1.848 38.7 42.1 
1 h at 800°C 
8 Linear rise 2°/min 1.848 34.2 51.8 
9 254 h at 700°C 1.783 10.8 8.8 17.6 6.6 7.8 
10 1.744 
ll 1 h at 800°C 1.740 7.0 20.2 11.8 6.4 
12 1.856 30.7 11.0 18.0 
J1.2 1 h each at 
600° C-1100° C 1.843 SW lll 41.2 41.0 0.2 
J1.3 1.847 24.7 19.3 4.9 
B8.1 Linear rise 2°/min 1.632 25.4 
2 1 h at 600°C 
1 h at 650° C 
5 h at 700°C 
16 h at 660° C/ 1.752 20.9 27.1 4.0 0 4.0 
1 h at 750° C 
1h at 800°C 
B8 1.861 3.8 0 3.8 
1.820 50 
1.822 40 2 35.6 
1.840 Vie 


yj Analysed at Durham University for helium only. 
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also appeared at the grain boundaries after 
heating at 800° C. A coarsening of the bubbles 
has also been observed, both at the grain 
boundaries and within the grains in the beryl- 
lium and copper injected with helium, when it 
was concluded that the helium re-dissolved 
from the small bubbles which became larger 
and fewer. The effect was more pronounced at 
the grain boundaries because of the more rapid 
rate of diffusion there. This coarsening pro- 
eressed faster at the higher temperatures, and 
after heating to 1000° C the beryllium could be 
seen to contain many bubbles with diameter 
about 10-3 cm. The bubbles became even larger 
and fewer after heating to 1100° C. 


4. Volume Changes 


A piece of beryllium from bar B5 was 
successively heated in vacuo for one hour 
periods at 400°C and at 100°C intervals up 
to 1100° C and its density measured by weighing 
in air and water. The piece was electropolished 
in orthophosphoric acid before each measure- 
ment to remove surface films and sharp surface 
irregularities. The results for this piece, recorded 
as a percentage change from the original density, 
are plotted in fig. 3 and a smooth curve drawn 
through them. Density changes after heating 
below 600° C were less than the experimental 
error of about 0.5 %. The results for another 
piece of slice B5 are also plotted, but for only 


J. B. RICH, G. B. REDDING AND R. S. BARNES 


TEMP °C 
1200? 100° 1000? 900_800° 700° 600° 500° 
100 ; : ears |e 8 7 
10 | 
BS 
a 
3 
= | 
z 
1.0 
oO 
Zz 
x 
a 
w 
= 
2) 
2 
° 
0.1 | 
0.01 
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U/T°Kx 103 
Fig. 3. Volume increase after 1 hour heating. 


the latter of these was the piece previously 
electro-polished. A similar curve is drawn for 
two pieces from bar J1. Other density changes 
caused by one hour heatings have also been 
inserted in fig. 3. Density changes which occurred 
after heating pieces from B slice for longer 
periods are given in table 2. 


TABLE 2 


Long term swelling of irradiated beryllium 


Temperature Time Initial density | Final density % swelling 
600° C 4 weeks 1.840 g/cc 1.780 g/ce 3.3 
600° C 4 weeks 1.845 ,, sige 2.0 
600° C plus 2 weeks S40" Leis. 6.9 
600° C plus 2 weeks 18450 es LOS mes 7.4 
650° C 32 hours 1.773 g/ee 1.746 g/cc 1.5 
650° C o2t TSO USE 5 2.8 
650° C 320en es 1.768 ,, USAR 2.6 
650° C Bs 1ES82 95s 1.820 ,, 0.44 
650° C Somes IES oils In S22ae. 1.6 
650° C BPA ee 1.846 ,, eo3 lame. 1.35 


a 
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Some of the small cubes were heated in vacuo 
in a silica dilatometer, their change in length 
being measured with a dial gauge reading to 
0.0001”. The density of the cubes was measured 
by a water displacement method both before 
and after each heating, and these values are 
recorded in table 1 together with the percentage 
change in dimensions. Fig. 4 shows the dilato- 
meter results, expressed as a percentage change 
in volume (assuming isotropic expansion) 
obtained during the heating of two samples 
(F4.8 and B8.1) at the constant rate of 2° C per 
minute and fig. 5 shows results obtained with 
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three samples from bar F4 (2, 3 and 5) while at 
a constant 700° C. After large volume changes 
(greater than about 20%) the agreement 
between dimensional and density changes was 
not close (see table 1) because of distortion of 
the sample. 

These measurements of the volume changes 
show a general pattern of behaviour, despite 
their wide scatter, which may be summarised 
as follows: 

1. There was a negligible volume increase 
until the beryllium had been heated to about 
600° C for 1 hour. 


F4.8 
Po =1-848 g/cc 


B8.! 
Po = 1-632 gicc 


THERMAL EXPANSION CURVE 


BOO Noo 


900 


700 1000 


Linear temperature rise dilatometer curves. 


TABLE 3 


Equilibrium bubble sizes and pressures 


Temperature for 

1 hour in °C 600 700 800 900 1000 1100 
Percentage volume 

increase 0.23 12.2 13 24 29 30 
Pressure (atm) 1.4 x 104 N6Rx< e105 3 x 10? (IES <7 L02) aan Gipxael 02) ea (dls die xe 1 02) 
Radius 7 (cm) se SS Oe EPP SS KOS Orr eal O me inde le lOe> es (ed x LOSS) aie (leo al Ome) 
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2. The time necessary to produce a certain 
volume increase (if less than about 10 %) is an 
exponential function of temperature. Also the 
volume increase (if less than about 15 %) 
produced in a given time is an exponential 
function of temperature, the activation energy 
being about 40 k cal/mole. 


lo SWELLING 


° | 2 3 “4 
ANNEALING TIME HOURS 


Fig. 5. Effect of annealing at 700° C on the volume 


of specimens cut from piece F4. 


3. The volume increase, although initially 
differing widely between samples, eventually 
reaches about 30 % in them all (after heating 
to about 1000°C for one hour) with little 
further increase. 

The absence of any volume increase at low 
temperature accords with the metallographic 
observations and those on beryllium containing 
injected helium when about 700° C for an hour 
was necessary to allow the helium to precipitate 
and form gas bubbles 4). When these bubbles 
form, the volume of the sample increases, since 
only then does the space occupied per helium 
atom increase. As this initial process of bubble 
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formation is governed by the diffusion of 
vacancies, mainly from grain boundaries, the 
rate of volume increase will depend upon the 
temperature, the helium content, and the grain 
size. If the beryllium contains voids, and this 
is suggested by the wide variations in its initial 
density (1.632-1.866 g/cm?) then these also will 
influence the final density change. For example 
the two samples F4.8 and B8.1 similarly heated 
in the dilatometer (fig. 4) had an initial density 
difference of about 12%, but after heating 
these densities were identical, suggesting that 
voidage in the latter had taken up some of the 
volume increase. With all these variables the 
large scatter in the initial density changes is to 
be expected. However, once all the helium 
atoms have precipitated as small bubbles further 
volume changes can occur, as they coarsen. 

If it is assumed that the piece of Bd used for 
the density measurement plotted in fig. 3 
contained 10 cm? at NTP of helium/cm? and 
that the volume increased solely because of the 
formation of regular and uniform bubbles 
(radius 7) within it, then the pressure of the 
helium in the bubbles can be calculated at any 
temperature from the perfect gas law assuming 
the surface energy y of beryllium to be 103 
dynes/cm (table 3). 

The bottom row of table 3 gives the radius 
of the bubbles at which the gas pressure (P) is 
in equilibrium with the surface energy pressure 
(P=2 y/r). 

The size of the bubbles is seen to control the 
total volume occupied by the gas they contain 
and the coarsening effect observed in the 
photomicrographs is an important feature in 
the volume increase. The coarsening process 
must be diffusion controlled and it is probably 
because of this that the volume changes can be 
expressed in terms of an activation energy. 

The strength of beryllium is at 1000° C almost 
independent of the temperature and is about 
200 atmospheres *). The pressure of the gas in 
the bubbles would not fall below this value, 
however big they grow and so the assumptions 
used to obtain table 3 become invalid at 900° C 
and above. For the gas content assumed, the 
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volume increase should be limited to about 25 % 
for temperatures above 900° C. However, the 
constancy of the maximum volume increase 
(30 %) is surprising in view of the widely 
differing gas contents of the samples. The result 
suggests that in this condition the sample is so 
permeable that the helium can leak from it and 
there is no further volume increase. The only 
sample analysed after more than 25 % volume 
increase (J1.2) did indeed contain very little 
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5. Mechanical Properties 


5.1. HARDNESS 


The small pieces of beryllium which had been 
examined metallographically after various heat 
treatments were indented with a microhardness 
tester, and the results plotted in fig. 6. The 
hardness of the original type of unirradiated 
beryllium was between 190 and 230 D.P. so that 
irradiation has caused more than a twofold 


HEATED FOR 1 HOUR 


1 1 


500 


I 
600 700 800 900 1000 +1100 


TEMPERATURE °C 


Fig. 6. 


helium. A similar maximum value of 30% 
volume increase was observed by Eldred ’) and 
of 23 % by Churchman, Barnes and Cottrell 8) 
in uranium heated after irradiation. The simi- 
larity in these maximum values for different 
materials containing very different amount of 
gas suggests that this is the value at which the 
majority of the internal bubbles touch and 
release their gas. This value would be geometri- 
cally determined and be independent of the initial 
amount of gas and material. If the bubbles were 
equal in size, spherical and cubically packed 
this critical volume increase would be 52 %. 


Annealing of radiation hardening. 


increase. Heating for 1 hour to temperatures 
greater than 600°C was necessary before the 
hardness was reduced appreciably, a temper- 
ature of 750° C being necessary to recover the 
original unirradiated value. Above this temper- 
ature the hardness is less than the unirradiated 
value, probably due to the predominant effect 
of the many large gas bubbles contained within 
the material. 

It is perhaps significant that the lowest 
temperature at which the hardness reduces 
appreciably is near that at which the helium 
begins to precipitate. It is probable that in 
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addition to the hardening caused by the normal 
displacement damage the helium in solution 
also hardens the beryllium. Such a hardening 
has been observed in beryllium containing, in 
solution, injected helium. 


5.2. BEND TESTS 


Pieces of the beryllium bars from slice F 
(width b and thickness h) about 1” long were 
etched in acid to remove some of the worked 
surface layer and then loaded to fracture by 
bending. The bending stress S was given by 


_ 38PL 


S= 2b h? 


(where P is the concentrated load to fracture 
and L the span of the supports). 

Values for S were obtained at room temper- 
ature, 300° C, 600° C and 700° C after holding 
at temperature for up to about 17 h, and 
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beryllium, 
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are given in fig. 7. The sheath forged Brush 
beryllium has mechanical properties broadly 
similar to the hot pressed material. The results 
show that no significant change in strength is 
produced by neutron irradiation. Changes in 
ductility are, however, apparent; none of the 
irradiated samples showed any bending before 
fracture, whereas a small amount of bending 
was observed in the unirradiated sheath forged 
material at the higher temperatures. 

The brittleness at the low temperatures will 
be due to the displacement damage and perhaps 
also to the presence of the helium in solution. 
At certain temperatures the displacement 
hardening will anneal and the helium will pre- 
cipitate. The beryllium should then regain the 
ductility it had before irradiation although the 
presence of the helium bubbles may itself 
reduce the ductility. After 17 h at 700° C the 
beryllium has not regained this ductility so that 
either the displacement damage has not annealed 
or more probably the helium bubbles are 
causing brittleness. Certainly the eventual 
formation of large bubbles in the grain bounda- 
ries will cause grain boundary embrittlement. 


6. Conclusions 


If beryllium is used in a reactor at temper- 
atures less than about 500°C, (the actual 
temperature depending upon the time in the 
reactor), the helium produced by the fast 
neutron reactions will remain in solution. There 
will be a considerable embrittling effect due to 
the normal displacement damage and to the 
helium in solution. 

At temperatures above about 500°C the 
helium will precipitate to form bubbles which 
will cause the beryllium to increase its volume. 
This volume increase which is probably diffusion 
controlled will be greater after large neutron 
doses and at high temperature, but will 
probably rarely exceed about 30%. The 
presence of these bubbles, the larger of them 
lying upon the grain boundaries, will cause the 
beryllium to embrittle and eventually become 
permeable to gases. It is possible that the 


THE EFFECTS ON HEATING NEUTRON IRRADIATED BERYLLIUM 


embrittling effects overlap so that irradiated References 


beryllium never regains the ductility it origi- 
nally had. 
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PRECIPITATION D’HELIUM DANS LA GLUCINE IRRADIEE PAR DES NEUTRONS 


H. FRISBY, A. BISSON et R. CAILLAT 


Département de Métallurgie et de Chimie, Appliquée, Service de Chimie des Solides, 
Saclay, Gif-sur-Yvette (S. & O.) France 


Recu le 3 février 1959 


On sait que Vexposition du béryllium a un 
flux de neutrons d’énergie supérieure a 1 MeV 
entraine la formation d’hélium et de tritium 
par une réaction (n, 2n) accompagnée d’une 
réaction (n, «). 

Les conséquences techniques de ces réactions 
pour Vutilisation du béryllium dans les piles 
sont importantes. 

Le cas du béryllium métallique a été examiné 
par White et Burke!) et par Barnes et Redding?). 
Nous nous sommes proposés d’étudier |’évolu- 
tion de l’hélium apparu dans l’oxyde de béryl- 
lium au cours de son irradiation dans le flux de 
neutrons d’une pile. 

Pour cela, nous avons examiné au microscope 
électronique des fractures d’oxyde de béryllium 
non irradié, irradié et enfin soumis a différents 
traitements thermiques. 

Nous fracturons l’échantillon 4 température 
ambiante et nous prenons l’empreinte de la 
cassure sur rhodoid. Ce moulage de la surface, 
au relief inversé, est ombré au chrome, sous un 
angle de 45°, puis recouvert d’une couche de 
carbone de 100 a 200 A. Cette pellicule, décollée, 
est destinée au microscope électronique °). 
Précisons que ce sont des cassures fraiches et 
par conséquent des cristaux différents qu’on 
examine apres chaque traitement. 

Cette méthode de micro-fractographie a été 
largement utilisée pour l’examen d’éprouvettes 
frittées non irradiées. 

Nous remarquons sur lune de celles-ci que 


(fie: 1): 


Fig. <1. 
irradiation. Toutes les figures sont des micrographies 
électroniques de répliques au carbone faites sur des 


Echantillon d’oxyde de béryllium fritté avant 


surfaces de fractures. Grossissement: x 3000. 

la dimension moyenne des cristaux est de 
Vordre de 10 & 20 microns. 

la plupart des facettes sont couvertes de 
stries, mais que certaines sont lisses 

Apres traitements thermiques identiques a 
ceux qui sont décrits plus loin pour la glucine 
irradiée, la glucine non irradiée ne présente 
pas de bulles. 

Des éprouvettes de glucine frittée ont recu 
dans la pile M.T.R. un flux intégré de 5.5 x 1019 
neutrons d’énergie supérieure & 1 MeV accom- 
pagné de 71029 neutrons thermiques, ces 
valeurs étant définies avec une précision de 


+ 25 %. 
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La fracture présente alors l’aspect de la 
figure 2. Les cristaux sont de mémes dimensions 
que dans la glucine non irradiée (10 a 20 
microns), mais les facettes lisses sont plus 
nombreuses que les facettes striées, ce qui 
marque une prédominance des ruptures par 
décohésion intergranulaire. Ce dernier point est 
sans doute & rapprocher de l’abaissement con- 
sidérable des caractéristiques mécaniques qui 
suit Virradiation *:5). 

Le méme échantillon a subi successivement 
une série de chauffages 4 l’air d’une durée de 
24 heures, suivis chacun d’un examen micro- 
fractographique. 


Fig. 2. 


Hechantillon aprés irradiation et avant tout 
traitement thermique. Grossissement: x 3000. 


Le traitement a 800°C n’apporte aucun 
changement visible. Ceci est & rapprocher de 
VYensemble des constatations publiées par ail- 
leurs4) sur les températures auxquelles il faut 
porter loxyde de béryllium pour guérir les 
effets de Virradiation. 

Aprés le traitement 4 1 000°C, on observe 
sur certaines facettes deux types de bulles: les 
unes de quelques centaines d’A de diamétre, 
trés serrées, et les autres 5 a 10 fois plus larges 
mais beaucoup moins nombreuses. Ces derniéres 
tendent vers des formes polyédriques (fig. 3). 
Les bulles sont réparties au hasard sur tous les 
types de facettes. 

Le recuit a 1 200°C provoque une trans- 


Fig. 3. Echantillon. Aprés un second traitement 24h 
1 000° C & Vair. Grossissement: x 13 000. 


formation plus spectaculaire. Les bulles se sont 
rassemblées en formes allongées de plusieurs 
microns sur les surfaces lisses qui délimitent les 
cristaux. Les axes d’allongement sont constants 
& Vintérieur d’un cristal, mais différents d’un 
cristal & autre (fig. 4). Sur certaines facettes, 
les bulles prennent l’aspect de prismes hexago- 
naux trés aplatis (fig. 5) évoquant ainsi la forme 
des monocristaux de glucine. La proportion des 
facettes lisses par rapport aux facettes striées 
n’a pas été modifiée par le recuit. 

La recuisson a 1 500°C accentue le rassem- 


Fig. 4. Aprés un troisiéme traitement 24 h 1 200° C 
a lair. On remarque des bulles allongées sur la face 
lisse seulement. Grossissement: x 16500. 
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Une autre facette de la méme fracture. 
<x 33 000. 


Fig. 5. 
Grossissement : 


blement des bulles en cavités polyédriques de 
Vordre de quelques dixiemes de microns. Ces 
cavités sont moins nombreuses, plus grosses et 
beaucoup moins allongées qu’apreés le traitement 
a 1 200° C. Les facettes striées sont dépourvues 
de bulles et seule une faible proportion des 
facettes lisses en porte encore (fig. 6). 

Les gaz produits par Virradiation précipitent 
done dans la masse de l’échantillon, puis les 
bulles migrent vers les surfaces de joints de 
grains et y prennent des formes d’équilibre. 

Ce travail a déja fait objet d’une note aux 


Comptes Rendus de l’Académie des Sciences 
de Paris °). 
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Fig. 6. 


Aprés un quatriéme traitement 24 h 1 500° C 


a Vair. Grossissement: x 16500. 
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In view of the increasing interest being shown 
in uranium oxide as an atomic fuel it may be 
of value to those selecting fabrication routes to 
know of the effect of oxygen: uranium ratio on 
the behaviour under irradiation. In late 1956 
examination at Chalk River of loop charge 
X-2-fsuggested that non-stoichiometric uranium 
oxide (UO2.14 in these specimens) was suscep- 
tible to considerably greater change of structure, 
and released much more fission product gas, than 
stoichiometric uranium dioxide. However, in 
that charge a rigorous comparison was not 
possible; in particular the fuel-sheath clearance 
on assembly was greater for the non-stoichio- 
metric oxide. 

In a subsequent loop test, X-2-n, specimens 
alike in all respects other than O: U ratio were 
irradiated. The fuel element preparation has 
been described by Chalder and Watson !). 
Uranium oxide powder produced from ammo- 
nium diuranate was cold-compacted, then 
sintered in steam for four hours at 1 325°C, 
Since this yielded an O: U ratio of 2.15 the 
stoichiometric oxide was obtained by holding 
in hydrogen for a further hour at the same 
temperature. All pellets were finished to the 
same diameter of 0.357 in. (0.907 em) in a 
centreless grinder, then inserted in exactly 
similar sheaths of Zircaloy-2 with diametral 
clearance of 0.0015 in. (0.004 cm). To minimise 
interfacial temperature drops during operation 
an atmosphere of helium was sealed into the 
sheath by arc welding. 

The specimens were irradiated in a pressurised 
water-cooled loop in the NRX Reactor in such 
an order that a stoichiometric specimen was 
adjacent to a non-stoichiometric one on each 


side of the neutron flux maximum; in both 
pairs the stoichiometric specimens were in 
positions of slightly higher flux (by about 5 %). 
The irradiation lasted four months, in which 
time the enriched oxide (5.04 atomic % U-235 
in total uranium) reached an estimated burn-up 
of 4400 MWD/tonne U. During irradiation the 
surface temperature of the fuel was about 
325° C. 

On examination afterwards a zone of grain 
growth 0.24 in (0.61 cm) in diameter was 
observed at the centre of both non-stoichiometric 
specimens, whereas neither of the stoichiometric 
specimens exhibited any change other than the 
normal cracking (see photographs). The amounts 
of fission product gases that were collected on 
puncturing the sheath were measured radio- 
chemically by methods already described 2). 
From the two non-stoichiometric specimens, 
18.5 and 20 % of the amount generated was 
obtained, compared with 0.05 and 0.13 % from 
the stoichiometric. Although there was a small 
difference in the neutron flux experienced by 
the two types, it was the non-stoichiometric 
material in the lower flux that showed the 
greater effects. The density of the UO2z.o was 
10.4 g/ce against 10.5 g/ece for the UOe.15, so 
the minor difference in this property is also in 
a direction opposite to that required to explain 
the different behaviour. The heat ratings derived 
from the predicted neutron fluxes and measured 
heat output of the loop result in values of the 
parameter {k(0) d6t of 25 and 27 watt/cm for 


Tt (0) is the thermal conductivity of the uranium 
oxide as a function of temperature @; the integral is 
taken between the surface and centre of the oxide. 
The use of this parameter has been discussed earlier 3). 
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non-stoichiometric and stoichiometric respec- 
tively. Experience with other stoichiometric 
specimens operating with a fuel surface tempe- 
rature about 325°C indicated that no grain 
erowth would be observed at these ratings, 
confirming the present results. 

From these observations it appears that in 
non-stoichiometric uranium oxide the thermal 
conductivity of the outer zone is lower than in 
stoichiometric material or the grain growth 
rate is greater for the same temperature, or 
both. Support for the former suggestion is 
obtained from room temperature measurements 
by Kingery 4), Ross 5) and Nizghols ), and for 
the latter from Belle’s work 4) on selfdiffusion. 
Sublimation of non-stoichiometric oxide, as 
discussed by Murray et al. 7), could also contri- 
bute to the grain growth. Further information 
is expected from a simultaneous irradiation of 
the two types, each containing an axial thermo- 
couple. 

Steam sintering of uranium oxide offers the 
advantage of using lower temperatures, but the 
product is normally non-stoichiometric. The 
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experiment reported here shows that this 
material is more subject to change under 
irradiation than stoichiometric oxide. By adding 
a hydrogen stage to the sintering process the 
advantage of the lower temperature can be 
retained whilst the final product is a more 
stable oxide. 
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Uranium oxide specimens of composition (a) UOs.o and (b) UOe.15 irradiated under similar conditions 


in the X-2-n test. Sheath outer diameter = 0.414 in. (1.05 em). 
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SUBMISSION 


Manuscripts, which may be in English, French or 
German, should be submitted in duplicate to one of 
the Editors, either direct or through a member of the 
Editorial Advisory Board. The abstract should be on 
a separate sheet, and four copies should be sent. 

A limited number of review articles, as arranged 
by the Editors, will be printed in each volume. 
Papers not exceeding 1000 words in length, and with 
a modest number of illustrations should be submitted 
as “Letters to the Editors”. Comments on papers 
published in the Journal of Nuclear Materials are 
welcomed and should take the form of “Letters to 
the Editors’. Special efforts will be made to publish 
such letters rapidly. 

The Editors may at their discretion submit MSS to 
referees, but no formal system of refereeing has been 
established, so as to aid rapid publication. 

Authors are asked to furnish a declaration that 
neither the MS, nor a substantial portion thereof, has 
previously been published in extenso. A brief published 
note, such as a letter to the Editor of ““Nature’’ or 
a paper in ‘Comptes Rendus”’, shall not however be 
an obstacle to full publication in the Journal of 
Nuclear Materials. The submission of a paper will be 
taken to imply that the author has satisfied himself 
that no copyright will thereby be infringed. 

If internal reports are submitted in place of type- 
scripts, they should be carefully revised to accord 
fully with the requirements detailed below. 


PRESENTATION 


The title and abstract should be in the language 
of the paper; however, letters to the Editors require 
no abstract. Abstracts will be published in English, 
French and German; the Editors will be responsible 
for the necessary translations. Since the title will not 
be translated, the abstract should be clear without 
reference to the title. To save space, avoid breaking 
up a short abstract into separate paragraphs. 

Avoid footnotes as far as possible. Where used, 
they must not be numbered, but indicated by the 
following signs: 7, TT, {, {£. The text of a footnote 
should be given in the typescript between two lines, 
immediately below the line of text containing the 
corresponding sign. 

Special attention should be given to presenting a 
connected account of the work done, and it is sug- 
gested that appendices be freely used so as to avoid 
interruptions of continuity. Liberal use of headings 
and subheadings aids quick understanding. 


REFERENCES 


References should be consecutively numbered in 
the text, thus: “Jones and Smith *%) have reported 
that ...”’, and collected at the end of the MS (after 
any appendices). Whenever possible, references to 
published papers should be given in preference to 
unpublished reports. The following examples illustrate 
the standard style of references: 


1) W. Jones and J. Smith, J. Nucl. Mat. 1 (1959) 
482. 
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2) G. Miller, ““Metallurgie der Nichteisenmetalle”’, 
(Berlin, Springer, 1962) p. 231. 

3) J. Adams, Argonne (USA) Report, ANL 9347 
(1955). 

2) ML Dulong et G. Petit, Saclay (France), Rapport 
CEA 4812 (1956). 

5) 'T. Robinson, Second Geneva Conference, (1958) 
15/p/8236. 

Especial care should be taken to make clear, in a 
reference, the origin of reports of unpublished con- 
ferences, etc. In doubtful cases please write out the 
reference in full detail. Abbreviations for names of 
organizations should be used only when no doubt 
exists concerning international usage. 


FORMULAE 


In the text, use the solidus, a/b, not the fraction bar, 
a 
b > 
which should normally be set out by hand to aid the 
printer, are not subject to these restrictions. All 
formulae, whether displayed or not, should be care- 
fully punctuated. Please explain symbols and notation 
fully. 


SYMBOLS AND ABBREVIATIONS 


Authors’ co-operation in respect of the following 
instructions is especially requested, and will save 
much time. 

In a general way, contributors are invited to follow 
the recommendations of the Symbols and Units 
Nomenclature Commission of the I.U.P.A.P., as 
published in Nuclear Physics 1 (1956) 539, and 7 
(1958) 299. 

Symbols of scalar quantities are printed in italics 
(e.g. D for a diffusion constant, J for a length, p for 
a pressure, and must always be underlined in the text 
in the typescript. In displayed formulae, however, 
this may be omitted. Specimen identification symbols 
(e.g. B7) should also be in italics. 

Vectors are printed in bold type, indicated by wavy 
underlining in the text or in formulae. 

All letters or groups of letters representing functions 
(exp, sin, log), units (em, dyne, atm), chemical symbols 
or any abbreviations not representing a quantity 
(d-shell, n = neutron), names of places or organisa- 
tions (AERE, CEA) are printed in ordinary type, 
and must be left in the typescript without under- 
lining or full stops (not em. but em). An exception to 
this last rule arises in the case of some compound 
symbols, which should be set down as follows: 
g-em/sec?, kcal/em:sec, kg/em? (not kg/sq cm, 
kg-cm~? or kg per cm?). Isotopes should be indicated 
thus: U285, 


UNITS 


Metric units should normally be used. In particular, 
temperatures should always be indicated in °C or 
°K, not °F. As an exception, stresses may if desired 
be indicated in psi (= pounds/in.?), since this usage 
is widespread. (1 kg/cm? = 14.223 psi). Metric 
tons should be indicated by the term tonne. Corrosion 
losses should be expressed in terms of mg/cm2. 


the symbol exp (—2), not e~*. Displayed formulae, 
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Integrated neutron flux can be indicated by the 
symbol nvt (= neutrons/em?). Burnup should be 
denoted by the number of atoms fissioned per 100 
atoms of complete fuel material — e.g. fuel alloy. 

Composition of alloys can be given either in weight 
per cent (wt %) or atomie per cent (at %) the latter 
being preferred; however, in this connection one or 
other of these symbols should always be used—never 
% alone. In the text, alloy compositions can be 
indicated as in the following example: 

Al/4.0 wt % Cu/0.5 wt % Mn. 

Non-standard symbols such as « for ‘“‘elongation at 
fracture” or R for “charge de rupture” should never 
be used without explanation; this rule is necessary in 
view of the international circulation of the Journal 
of Nuclear Materials. If such symbols occur in an 
illustration, they should always be explained in the 
captions or in the illustration itself. 


MATHEMATICAL SYMBOLS 


For “natural logarithm of x’, use loge or Inw. 
For “‘decadic logarithm of «’’, use logio x. (Suffices 
such as the 10 in logio x should be so indicated in the 
typescript that their nature is unmistakable to the 
printer.) For “‘approximately equal’’, use ~. 


GREEK LETTERS 


Greek letters should be explained in the margin. 
This is especially important in the case of «, which 
may otherwise be confused for the “‘proportional to”’ 
sign, x. 


LINE FIGURES AND TABLES 


The approximate place of the figures and tables 
should be indicated in pencil in the typescript. Each 
table should be on a separate sheet, and should have 
a title in addition to its serial number. 

Line figures should be originals, drawn in Indian 
ink and fully lettered. The printer cannot prepare 
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blocks from copies of line figures such as appear in 
cyclostyled reports. Please be sure to secure adequate 
thickness of lines and size of lettering to allow for 
reduction of size during block-making. The above 
rules concerning symbols and units should be observed. 

All figures must have captions, to be listed in a 
separate sheet; fairly detailed captions can be a 
considerable aid to clarity. 


PHOTOGRAPHS 


These should be used sparingly in view of the 
ever-rising cost of reproducing them. For the sake 
of appearance it is desirable that so far as possible a 
uniform format should be maintained in any one 
paper. It will help the printer if the width of photo- 
graphs is identical with the column width (3 in. » 
7.5 em). Magnifications of all photomicrographs should 
be given in the captions, thus: (120 x). Photographs 
for reproduction should be unmounted, unless they 
form part of a composite figure, and be rather more 
contrasty than is desired in the printed version. 
Where necessary, the top edge should be identified 
on the back. 

Line figures and photographs of technical equipment 
and lay-outs (loops, dry boxes, irradiation facilities, 
casting furnaces, etc.) should as a general rule be 
omitted, unless they distinctly illustrate novel and 
substantial features. 
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